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Abstract:
Metallic glasses are a novel class of amorphous materials that have diverse potential ap-
plications due to their superior mechanical, electrochemical and tribological properties as
compared to their polycrystalline counterparts. However, the requirement of extremely high
cooling rates in solidification processing severely limits the manufacturing of these materials
to small dimensions such as powder and ribbons. In order to circumvent this problem, this
research investigates three thermal responses, namely sintering, oxidation and crystallization
in an iron-based metallic glass powder. The resulting original scientific contribution of this
dissertation is the establishment of the mechanism and kinetics of sintering, crystallization
and oxidation in this iron based metallic glass powder. During sintering at a constant rate
of heating, the activation energy of viscous flow decreases linearly with the logarithm of
the heating rate while the macroscopic applied pressure is amplified three orders of magni-
tude to the interparticle contact pressure that enhances densification by micro-viscous flow
deformation of the particles. Thermal oxidation leads primarily to the formation of Fe2O3
oxide as a polycrystalline shell around the powder core that increases in thickness rapidly
at the beginning and slows down towards the end during isothermal oxidation. Crystalliza-
tion in this iron based metallic glass powder encompasses four exothermic transformations
occurring with a decreasing nucleation rate. These conclusions provide a foundation to-
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Solids devoid of any long range order in their constituent atoms are defined to be
amorphous. The term ‘amorphous’ stems from the Greek roots ‘a’ meaning without and
‘morphé’ meaning shape or form. This definition distinctly distinguishes this group of solids
from crystalline ones where the existence of long range order is the primary criterion. Crys-
talline solids exhibit a characteristic ensemble of positions in three dimensional space defined
as the crystal lattice. These positions are at definite distances relative to a common point
of origin in space and to one another. In other words, specific numbers can be assigned to
these interatomic distances. Hence if the position of one lattice point is known, those of all
others can be calculated or predicted. Atoms, molecules, ions or groups thereof occupy these
positions in space to thereby resulting in a crystalline structure in the solid material. This
repeating unit of single or groups of atoms, molecules, ions with characteristic lattice spac-
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ings lies in the heart of the crystalline solid structure. In contrast, the ensemble of positions
in three dimensional space for an amorphous solid is completely disordered. These positions
are thus at varying distances relative to one another and it is not possible to assign a char-
acteristic value to these distances. Even if the position of one lattice point in an amorphous
solid be known, those of others cannot be predicted as in the case of a crystalline solid. Thus
a repeating unit, characteristic of a particular amorphous solid, cannot be identified. This
is valid even to the extent that in case of two amorphous solids of identical composition
synthesized with identical dimensions, the position of identical atoms relative to the same
point of origin in space may be different. This disordered atomic structure is the soul of
amorphous solids and is the primary reason behind the fascinating properties exhibited by
them [7].
Amorphous structures are exhibited by a large number of materials in a diverse range
of forms. A number of polymers utilized daily such as low density polyethylene (‘plastic’)
used for manufacturing bottles and toys, polyvinyl chloride (PVC) [8] in drainage pipes,
BakeliteTM [9] in wire insulators, NylonTM [10] used as fabric and TeflonTM used in non-stick
pans posses amorphous structure. One of the forms of non-crystalline carbon, commonly
referred to as ‘soot’ is another example of a solid amorphous material. Metals, alloys and
ceramics are often synthesized by various physical and chemical vapor deposition techniques
that result in amorphous solid layers on substrates.
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2 Metallic glasses
Glasses constitute a sub-group of materials within the broad class of amorphous
solids that exhibit a characteristic ‘glass transition’ when cooled from their liquid state or
heated from their solid state. They exist as an intermediate state between liquids and solids.
According to the conventional definition, liquids do not exhibit any long range order as well
as have low interatomic bonding. Solids, in general posses both long range order and very
strong interatomic bonding. Glasses exhibit the disordered atomic arrangement like liquids
while simultaneously possessing the strong interatomic bonding as observed in solids.
Metals, on the other hand are defined to constitute the group of solids where the
interatomic bonding is metallic in nature. They can be any of the about 90 pure metals in
the periodic table such as iron (Fe), aluminum (Al), lithium (Li), chromium (Cr) and so on.
It can be a a mixture of multiple pure metals. A very common example is that of bronze,
an alloy of copper (Cu) and tin (Sn). It can also be an alloy of multiple pure metals and
non-metals. The most common example is stainless steel which is an alloy of metallic iron,
chromium and nickel (Ni) and non-metallic carbon (C) and other elements.
The history of both metals and glasses dates back several millenia. Gold has been
known to humans since as early as 6000 B.C. In the Stone Age, the popularity of gold
stemmed primarily due to its luster and scarcity which are the same reasons of its value at
present day. Gold was one of the first metals humans utilized as it could be found in its pure
form naturally due to it stability against oxidation. A significant usage of metal came with
the utilization of copper and its alloy with tin that ushered the Bronze Age around 2500
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B.C. The next landmark was that of the Iron Age around 1200 B.C. This heralded a major
era of human civilization and a large number of iron based alloys are utilized at present in
daily human necessities.
Archaeological evidence of ‘obsidian’ [11], a naturally occurring volcanic glass, has
been obtained also as early as the Stone Age. This vitreous solid is formed when lava from
volcano cools rapidly with very little growth of crystals. It is high in silicon content and
forms the earliest predecessor of the broad class of common silicate glasses commonly used
in window panes and decorative objects. Its high hardness was utilized for making cutting
an hunting tools such as sharp blades and arrowheads but at the same time was brittle in
nature. The development of metals and glasses thus progressed independently over the same
period of time starting about 8000 years ago.
The development of metallic glasses, in contrast, is comparatively new. The first
report of a metallic system existing in glassy form was that of a gold-silicon alloy, again
utilizing the high viscosity brought about in a system due to the presence of silicon. The
alloy with composition of Au75Si25 (at.%) was reported [12] to be produced in the form of
a ribbon by rapidly quenching the liquid alloy melt at an extremely fast cooling rate of
about 106 K s−1. It clearly demonstrated that the formation of thermodynamically stable
crystalline phases by nucleation and growth can be completely avoided by tailored kinetics
to process metastable amorphous alloys, for example, in Pd-based alloy systems such as Pd-
Cu-Si and Pd-Ag-Si [13]. Fundamental investigations laid the foundations of understanding
the key criteria of forming metallic glasses. These can be summarized in three empirical
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rules [14] for metallic glass formation, namely,
• The existence of a multicomponent system with more than three elements
• A mismatch in the sizes of constituent atoms by about 14% and
• A large negative heat of mixing.
This understanding has led to the development of metallic glasses in a wide range of alloy
systems over the last five decades. These can classified into two broad groups, namely metal-
metal and metal-metalloid. Further categories based on the groups in the periodic table and
the metallic glasses reported are tabulated below [15]. One of the foremost commercial
metallic glasses is Zr41Ti14Cu12Ni10Be23 or Vitreloy 1
R [16]. It was followed by a number of
metallic glasses in similar systems such as Pd-Cu-Ni-P [17], Pt-Co-Ni-Cu-P [18], Ti-Ni-Cu-Sn
[19], Ni-Zr-Cr-B [20] and La-Al-Ni-Cu-Co [21].
It can be immediately observed that the constituent elements in these metallic glasses
are extremely expensive. The attention thus naturally shifted to the development of com-
paratively cheaper iron based metallic glasses [22]. Following the first in this group, namely
Fe-Al-Ga-P-C-B [23], a large number of alloy systems have been reported to form metallic
glasses by a variety of processing techniques. In these iron based metallic glasses, the typical
elements such as iron, chromium, cobalt, molybdenum and nickel constitute about 80% of
the alloy composition while the rest 20% is a mixture of metalloids such as boron and silicon.
For example, one of the alloys of key importance in this group is Fe50Cr15Mo14C15B6 that
is often referred to as ‘amorphous steel’. Considerable research is focused on modifying this
alloy by addition of rare earth elements such as Dy, Er, Tm and Y [24, 25] for improving its
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Table 1: Classification of elements forming metallic glass alloy systems and their examples
Group in Periodic Table Example of metallic glass system
Group IA and Group IIA Metals Ca, Be, Mg
Group IIA and Group IVA Metals Al, Ga
Group IVB to Group VIIB Metals Ti, Zr, Hf, Nb, Ta, Cr, Mo, Mn
Group IB, Group IIB and Group VIIIB Metals Fe, Co, Ni, Cu, Pd, Pt, Ag, Au, Zn
Sc, Y and lanthanides Sc, Y, La, Ce, Nd, Gd
Nonmetals and metalloids B, C, P, Si, Ge
properties. Fe48Cr15Mo14Y2C15B6, in particular, exhibits a high elastic modulus of 200 GPa,
compressive fracture strength of 3200 MPa, and hardness of about 13 GPa [26, 27]. Its su-
perior wear and corrosion resistance has also been utilized as amorphous coatings [28, 29].
3 Properties and applications
High strength and large elastic limit of metallic glasses have led to their applications
in a variety of sports goods such as golf clubs, baseball bats, fishing and skiing gear.The
success of the golf clubs essentially stems from the repulsion efficiency of the club head and
ball pair which is greater than that in conventional alloy heads. The energy transferred from
the club, given by the modulus of resilience, is considerably higher that has led to successful
commercialization of these metallic glass gears by Dunlop Corporation in Japan and Liq-
uidmetal Technologies in the Unites States. The superior mechanical properties of metallic
glasses can also potentially be employed in valves for automotive parts where shorter and
thinner springs can reduce the total weight of engine cylinders and hence bring down the
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overall fuel consumption. Metallic glasses are especially suitable for high pressure sensor
diaphragms. The high Young’s modulus is extremely useful for increasing the sensitivity
of these components. Commercial shot peening processes require high strength, endurance
against cyclic loading and corrosion resistance. Metallic glasses appear to be suitable alter-
native to high carbon steel balls, since mass production would be effective for reducing the
cost of the spherical parts.
The amorphous nature of metallic glasses makes the materials homogeneous, even
at the nanometric length scales. This is particularly suitable for manufacturing precision
instruments such as micro-gears [30]. These are further utilized to fabricate micro-gear
motors. The dimensions of these components have been reducing progressively over time
with the smallest metallic glass motor being of 1.5 mm. Due to their small sizes and precise
mobility, there exists a large potential for applications in advanced medical equipments in
endoscopy, thrombus removal catheters and so on.
The corrosion resistance of metallic glasses finds potential applications in proton
exchange membrane fuel cells used for domestic and automotive utility due to their high
output current density and low temperature operation. This property of metallic glasses
also makes them excellent candidates for applications in hard, corrosion resistant coatings
applied by a number of spraying techniques such atmospheric plasma spraying, high velocity
oxy-fuel spraying [31], etc. The outstanding soft magnetic properties of iron based metallic
glasses makes them excellent candidates for transformers. Metallic glass ribbons with high
permeability and low coercivity of are being extensively employed in cores of transformers
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and in the miniaturization of micro-electro-mechanical systems (MEMS) and nano-electro-
mechanical systems (NEMS). The low surface chemical reactivity of these materials also
propel them for fabrication of surgical devices and instruments for biomedical applications.
Replacements for hip joints, teeth and screws for fixing plates are, to name a few, some of
the highly investigated areas for metallic glass applications.
4 Viscosity
The single most important physical property of metallic glasses is the viscosity. From
the manufacturing perspective, it determines the glass forming ability of the alloy, the criti-
cal cooling rate for the formation of glass structure and the size of components that can be
fabricated. From the point of view of materials science, it determines, among other param-
eters, the structure of the glasses and can be utilized to determine critical information such
as the short to medium range order, coordination number and packing density in metallic
glasses. These, in turn, yields insight into the structural relaxation in the metallic glasses
upon annealing and hence the flow behavior of the material. Thus, overall, the dependence of
viscosity of metallic glasses on temperature is essential to studying its synthesis, fabrication,
properties and applications. The importance of viscosity in understanding metallic glasses
is so essential that the glass transition temperature of metallic glasses is defined to be the
temperature at which the viscosity attains a value of 1012 Pa s.
The apparent viscosity of metallic glasses at a particular temperature increases with
time during isothermal annealing. After the initial increase, the viscosity saturates to a
constant value at that particular temperature which is defined as the equilibrium viscosity at
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that temperature. The time necessary to acquire this value is characteristic of the relaxation
required by the metallic glass to attain equilibrium in the supercooled liquid region. The
value of the equilibrium viscosity can be described as a function of time and temperature as












where η (Pa s) is the measured apparent viscosity, ηg (Pa s) is the apparent viscosity for the
as cast glassy alloy, ηeq (Pa s) is th equilibrium viscosity at temperature T (K), t (s) is the
time, τ (s) is the relaxation time for shear viscous flow and β is the stretched exponent.
4.1 Experimental measurement techniques
The apparent viscosity, η can be measured experimentally, as the resistance to shear





where σflow (Pa) is the equilibrium flow stress and σflow (s
−1) is the strain rate. This is accom-
plished by the three point beam bending method where the measurement of the deflection











where g (m s−2) is the acceleration due to gravity, L (m) is the length span of the beam, Ic
(m4) is the moment of inertia, v (m s−1) is the velocity of deflection, M (kg) is the mass of
the applied load, ρ (kg m−3) is the density of the metallic glass alloy and A (m2) is the cross
sectional area of the specimen.
4.2 Temperature dependence
At the liquidus temperature, the viscosity of metallic glasses attain values of about
0.1 to 1 Pa s. Experimental techniques for the measurement of viscosity of metallic glasses
in the liquid state is challenging due to the fact that contact with surfaces of the instrument
tends to behave as heterogenous nucleation sites within the liquid melt thereby impeding
the measurement of the viscosity of the pure alloy melt. Additionally, transition melts used
to synthesize the alloy composition of a number of metallic glasses is reactive such as Ni, Ti
and Zr. Non-contact measurement such as the drop oscillation technique employed within
the vacuum environment of a electrostatic levitator provides an excellent solution for the
accurate measurement of both surface tension as well as viscosity of metallic glass alloys
in the liquid state in a single experiment. The surface tension of the metallic glass during





where ω (s−1) is the resonant oscillation frequency of the molten drop of metallic glass alloy,
σ (N m−1) is the surface tension. r (m) is the radius of the liquid drop and ρ (kg m−3) is the
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where τ is the decay time constant of free oscillation of the liquid drop.
With a decrease in temperature from that of the liquid melt alloy, the viscosity of
the metallic glass decreases drastically, by orders of magnitude. The dependence of viscosity
of metallic glass with temperature in the supercooled liquid region, can be mathematically
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where D* is the fragility parameter. Following Agnell’s theory, metallic glasses, according
to the equation can be classified further into two groups, depending on their fragility index.
This parameter, represented as m, can be expressed as the slope, at the glass transition
temperature, of the plot of viscosity of the metallic glass with the reduced glass transition








This equation accounts for the observed deviation of the viscosity in metallic glasses away
from the Arrhenius equation above the glass transition temperature. Metallic glasses with
lower values of the fragility index, m, or in other words, ‘strong glasses’ follow the Arrhenius
equation right through the temperature range from below the glass transition temperature
to above the supercooled liquid region. A representative strong glass is silicon dioxide whose
viscosity versus temperature plot according to the above equation is a straight line across
the whole temperature range. Metallic glasses are more ‘fragile’ in comparison to silicon
dioxide exhibiting a higher value of m in the viscosity versus temperature plot.
Just below the glass transition temperature, Tg the viscosity of metallic glasses follows







where Q (J mol−1) is the activation energy barrier for viscous flow and R (8.314 J K−1 mol−1)
is the universal gas constant. The pre-exponential factor, ηo can be easily observed to be
the value attained by eta when the temperature is close to infinity or in other words very
high values. This can also be considered to be approximately equal to the viscosity of the






where NA (6.022× 1023 mol−1) is the Avogadro’s constant, h (6.626× 10−34 J s) is the Planck’s
constant and Vm (m
3) is the molar volume.
4.3 Heating rate dependence
The viscosity of metallic glasses during non-isothermal annealing below their glass
transition is observed to depend upon the constant rate of heating. The framework of the
directional structural relaxation model is employed to derive theoretical understanding of this
phenomenon. Under this model the structural relaxation of metallic glasses is considered to
be a set of irreversible atomic rearrangements localized at certain atomic relaxation centers.
According to this model the viscosity of metallic glasses under constant rates of annealing





where No is the number of relaxation centers per unit activation energy and volume, Π is the
volume throughout which the structural relaxation occurs, C accounts for the orientation
of the external stress and resultant viscosity, A is the activation energy associated with the
relaxation phenomenon and c is the heating rate. The term, 3ACNo is dependent solely on
the temperature. Hence Eq. I.11 predicts that isothermal sections of plots of η versus T
dependencies should exhibit a linear relationship with the inverse of the heating rate.
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5 Manufacturing challenges
Metallic glasses have been manufactured in a large number of alloy systems with the
best results in terms of dimensions and mechanical properties being exhibited by palladium,
platinum, zirconium, titanium and neodymium. However, these materials are extremely rare
and expensive due to their specialized extraction processes. It is imperative for large scale, in-
dustrial applications that metallic glasses with reliable properties be produced economically.
This necessitates the manufacturing of metallic glasses with considerably cheaper metals
that offer the same superior advantages in terms of mechanical and corrosion properties.
In this regard, iron based metallic glasses are especially attractive due to their low
cost. They also exhibit high strength in addition to possessing good soft magnetic properties
such as high saturation magnetization and low coercivity. However, manufacturing iron based
metallic glasses presents a major challenge due to their limited glass forming ability. During
conventional solidification processing of metallic glasses, heat must be removed from the
alloy liquid melt to ‘freeze’ the constituent atoms in a disordered state. This requires high
cooling rates being indispensable for retaining fully amorphous structure in bulk sized iron
based metallic glass components. These cooling rates can be achieved only if the dimension
of the metallic glass component in the direction of extraction of heat is extremely small
up to about a few micro meters. Hence the majority of iron based metallic glasses are
manufactured in the forms of ribbons, wires and powders. For example, Fe-Si-B ribbons are
extensively employed as cores in transformers. However, major large scale applications of
metallic glasses for structural components are severely limited. Thus it is critical to develop
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manufacturing techniques for large scale production of bulk iron based metallic glasses for
utilization of their superior properties.
6 Sintering
Sintering as a fabrication process is almost as old as human civilization itself. Usage
of primitive forms of the process is frozen in the numerous archaeological findings unearthed
in the cradles of early human civilizations and the products are found to date back millennia.
Much prior to the advent of written records, there lies only historical evidence that suggest
the utilization of rudimentary firing techniques that were applied to clay ceramics to make
pots and vessels used for storing water. Advances in the design of kilns enabled higher firing
temperatures to be acquired which paved the way for the usage of highly valuable porcelain
in dishes found in China at the times of the Tsing dynasty. Trade routes along numerous
directions spread both the products and technologies in countries like Turkey, Italy and
Japan. This generated enthusiasm to realize such products in and around the European
mainland.
Emergence of sintered metallic objects followed as exemplified by sintered iron arti-
facts found in Tutankhamens tomb in Egypt, the Delhi Iron Pillar in India, sintered plat-
inum crucibles and gold-platinum jewelery found in the Inca civilizations. A landmark in
the history of sintering was the development of a sintered filament using tungsten powder
by Coolidge that was to be applied in the electric bulb. The preservation of ductility in
a sintered filament brought about by the low oxygen impurity content and grain boundary
pinning by sodium silicate and alumina dispersoids was critical to the success of Coolidges
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filament design [34].
Production of filaments demanded the making of durable dies which would enable
the drawing of wires made out of such hard metals. Synthesis of carbides of tungsten along
with additions of molybdenum carbides, iron and transition metals preceded the eventual
sintering of tungsten carbide with additions of cobalt enabling liquid phase sintering to form
a tungsten carbide-cobalt composite. This was the fruit of a collaboration of several giants
in the field like DGA, Siemens Lap and AEG who filed patents which were later used by
companies like Krupp and General Electric. This can be seen as advent of industrial giants
utilizing sintering process for the large scale manufacturing of products.
6.1 Theory
Considerable success was achieved in making products by varying sintering processes
without any understanding of the underlying phenomena that were involved therein. Even
now it is seen that progress in practice stood way ahead of theory. As diverse observations
were made in this regard, production could be achieved without the need of a quantitative
theory. Additionally, emergence of quantitative theory was thwarted by the absence of con-
crete knowledge about the structure of atoms, their arrangement and motion in a solid or
liquid body and ideas like surface energy and microstructure. Inability of accurate measure-
ment of temperature and realization of versatile furnaces also limited its development.
The first step in quantitative sintering theory emerged in the form of a two sphere
model described by Frenkel in which he explained sintering to occur in two different but
often overlapping steps. The first stage involves the increase in the contact area between
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two particles due to viscous flow driven by a reduction in surface energy resulting in the
formation of pores. This is followed by the second stage where the above pores, treated
as a huge agglomeration of vacancies, are overrun by atomic diffusion occurring throughout
the volume of the material. Although this model ignored crystal structure and hence any
interparticle grain boundary or dihedral angle thus being applicable only to amorphous
materials, nevertheless was a starting point on which further advances could be built upon.
Further additions of the neck growth model and shrinkage theory followed by liquid phase
sintering problem bolstered the foundations of this phenomenon.
Frenkels theory on the viscous flow of materials was the necessary spark that ignited
a string of research activities on sintering phenomena. The outcome was a large number of
independent treatments and improvements of various explanations of the myriad of events
that constitute sintering. About three stages of sintering can roughly be identified which al-
though overlap with and cannot be separated from one another, have their own characteristic
features.
6.2 Neck growth
Small particles when packed close together are attracted to one another due to weak
atomic forces like van der Waals forces. These cohesive forces create a small bond at the
point of contact between two particles which is called the ‘neck’. Short range atomic motion
occurring mostly at the surface of the particles during this initial stage results in the growth
of this neck. The curvatures, namely, convex at the surface of the particles and concave at
the neck give rise to a conspicuous saddle point in the middle, a unique feature observed
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during sintering of powders. In this stage each neck, a considerable distance apart from its
neighboring ones, grows independent of each other giving to rise to grain boundaries in case
of crystalline materials. As they enlarge they require progressively increasing amount of
material to grow further which results in a gradually slackening rate of neck growth giving
way to the next stage.
6.3 Pore rounding
Towards the end of the initial stage, the pores between particles have sharp ends
due to the existence of both convex and concave curvatures as mentioned above. The flow
of mass makes the pores, residing mostly at the grain edges, rounded as porosity slowly
declines. Towards the end of this stage the sintered mass consists of a collection of grains
that are bounded by tubular pores that form an open interconnected network.
6.4 Pore closure
The final stage is usually dominated by grain growth driven by a reduction in the grain
boundary area and hence energy of the same. This is accompanied by further densification
which results in an increase in length and decrease in diameter of the aforementioned tubular
pores. Eventually these open tubular pores pinch into closed spherical ones driven by a
reduction in surface energy. This is analogous to the breaking up of a long and thin stream
of water into discrete smaller droplets. The distribution in size of these spherical pores leads
to their coalescence often with simultaneous growth of larger and shrinkage of smaller pores.




As mentioned above, the contact between two particles contains both convex and
concave surfaces. Contrary to a flat surface which is considered to be stress free, convex
and concave surfaces are associated with tensile and compressive stresses respectively. The
curvature and resulting stress gradients provides the driving force for the shrinkage of the
convex surface which provides the flow of mass for neck growth. At this stage sintering takes
place mostly by surface diffusion as the neck continuously tries to achieve the minimum
energy profile.
With further progress in sintering, the driving force for sintering shifts from removal
of curvature gradients to reduction of interfacial energy which can be achieved by a decrease
in both surface and grain boundary area. The specific energy of free surfaces is considerably
higher than grain boundaries which results in their preferential removal followed by grain
growth in the later stages which ultimately results in the network of tubular pores along the
grain edges.
The size and morphology of grains play an important role in sintering and are crucial
in determining final porosity and relevant mechanical properties of the final sintered product.
The initial contacts between particles are the origin of the grain boundaries which are high if
the number of particles contacting one another (coordination number) is high. Densification
is brought about by diffusion along grain boundaries as opposed to grain growth which is
due to diffusion across them. Thus a high number of grain boundaries assist in sintering
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densification. On the contrary, particles starting with low coordination number result in a
large number of pores or cracks in the final sintered product which are derogatory to its
mechanical properties.
During the initial stages of sintering, pores are angular in shape which gradually
smoothen and become rounded as sintering progresses. Pores that larger in size or are
surrounded by a large number of grains tend to grow at the cost of shrinkage of those
which are small or are bounded by a smaller number of grains. Thus before the advent
of heating it is beneficial to have smaller particles but the agglomeration of these particles
deters densification. For theoretical considerations, pores are considered to be high local
concentration of vacancies which diffuse to grain boundaries, free surfaces and interfaces due
to the high temperatures of sintering and get annihilated resulting in reduction of porosity.
The sum of surface areas of pore and grain boundary is greater than the interfacial
area had the pores been attached to the grain boundaries. Thus there is a natural tendency
for the pores to bind to the grain boundaries. During grain growth these pores exert a
drag on the grain boundaries which result in them getting bowed. However with increasing
densification, as the pores shrink and the binding energy decreases the pores start to get
detached from the grain boundaries. Since these are then trapped inside the grains further
densification is not possible and hence during later stages the rate of densification slows
down considerably.
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6.6 Mass transport mechanisms
The importance of mass transport in sintering cannot be overemphasized. As encoun-
tered numerous times in the preceding treatments, varying driving forces affect one form of




The critical distinguishing factor between the two is the occurrence of densification
which can only be brought about by bulk transport. Surface transport works mostly to
achieve neck growth with considerable contribution from bulk transport as well. The reason
behind this is that the former only involves flow of mass from one position on the surface
to another while the latter results in movement from inside the solid to the surface which
thereby provokes the movement of particles closer together resulting in an increase in den-
sity and shrinkage of the final sintered product. Surface transport mechanisms usually have
lower activation energies thereby requiring lower temperatures for the associated phenom-
ena to begin. Thus initial stages of sintering are usually dominated by surface transport
without considerable changes in density while phenomena associated with bulk transport
are manifested at a later stage.





Bulk transport consists of
• Viscous flow
• Grain boundary diffusion
• Volume diffusion
• Dislocation motion
As seen above, volume diffusion works to enable both surface and bulk transport. Bulk
transport by viscous flow is observed only in case of sintering amorphous materials or in
systems that involve a liquid phase.
Surface diffusion occurs due to the defective nature of a free surface. A free surface
is a collection of numerous atomic imperfections like vacancies, terraces, ledges, kinks and
absorbed atoms. Mass flow due to surface transport occurs mostly due to atoms that repo-
sition themselves from one position on the surface to another in order to reduce curvature.
The concentration of these defects and the motion of atoms from one to another are both
thermally activated but, they do not contribute towards densification. A number of factors
dictate the amount of defects on the surface. The primary one among them is curvature.
Crystal orientation also affects the concentration of surface defects. However, since particles
in the green (un-sintered) product usually have all possible random orientations it is usually
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ignored. Foreign atoms absorbed on the surface are usually evaporated at the high temper-
atures prevalent during sintering and hence their effects are generally overlooked. Surface
diffusion phenomena are usually dominant at the embryonic stages of sintering when the
temperatures are still increasing.
Volume diffusion can be looked upon as either the flow of atoms or vacancies. Pores
can be looked upon as a large accumulation of vacancies from where they are emitted into
the solid and are annihilated. The process of emission and annihilation thus involve a pair
of source and sink respectively. Free surfaces, grain boundaries and dislocations are good
sites for annihilation of vacancies. Stress and curvature at the surfaces, temperature and
composition of the system are important factors that affect the concentration and movement
of vacancies.
This process takes place only in materials which have high vapor pressure at the
temperatures prevalent during sintering. Higher vapor pressures usually accompany higher
temperatures resulting in higher flux of atoms.
Viscous flow is applicable to materials without crystal structures i.e. amorphous ones
or systems that involve a liquid phase. In fact the first ever model of sintering proposed by
Frenkel assumed particles as amorphous spheres and enumerated the rate of neck growth as
a function of time during isothermal densification.
Grain boundaries are high energy regions where the bonding between atoms are dis-
rupted and thus provide an easy path for diffusion of atoms and are a good site for an-
nihilation of vacancies. The activation energy for diffusion through grain boundaries is
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intermediate between that for volume and surface diffusion. Thus this phenomenon usually
peaks during the latter stages of sintering.
Dislocation motion consists of two types of movement. Glide refers to the move-
ment of a dislocation along a specific crystallographic plane called a slip plane and this
occurs if the sintering stress is higher than the flow stress at the sintering temperature. A
second movement, known as climb occurs when a vacancy gets eliminated at the core of
the dislocation which in turn shifts to a parallel slip plane. Early sintering stresses due to
curvature or compaction may be adequately high to induce dislocation motion. However,
being non-equilibrium defects, dislocations are gradually eradicated from the system at high
temperatures and thus have very little effect on densification.
6.7 Macroscopic changes
The collection of microscopic phenomena discussed so far manifests itself in various
forms which can be measured in the form of changes of various macroscopic properties.
Foremost among these are the dimensional changes in the green compact brought
about by the thermally activated events during sintering. Bulk transport from surface of
pores to the neck brings two adjacent particles closer resulting in shrinkage. This is usually
measured as the percentage change in the linear dimensions of the sintered body with respect
to that of the green one. For the purpose of manufacturing finished product manufacturers
thus have to provide for accurate tolerances which takes into account these changes. The
shrinkage varies from one system to another and thus careful experimental evidence is neces-
sary to achieve success in manufacturing machine parts with complicated shapes and sharp
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corners. While the reduction in dimensions is mostly manifested during sintering, later stages
may also bring about expansions. This may be due to any or both of thermal expansion and
increase of pressure of gas trapped inside the pores. Systems that undergo reactions or phase
transformations are often susceptible to swelling. Reactions between two species or phases
may yield gases that may not be released due to the closed nature of pores in the final stages
of sintering and thus constitutes an irreversible increase in the dimensions of the sintered
body. Phase transformations occurring at high temperatures prevalent during sintering is
also a major reason for swelling. Dimensional changes due to shrinkage or swelling can be
measured by dilatometry. However, this procedure yields only one dimensional data and is
thus not suitable for sintered compacts with complicated shapes. An alternative is direct
imaging wherein the changes occurring during sintering are recorded in-situ and thus provide
more insight into the anisotropy of the process.
Due to shrinkage and swelling that occur during sintering, the overall density of the
sintered compact changes and the success of sintering is often measured by the amount of
densification that can be achieved by the sintering cycle. Measurement of density is one of
most popular indices for sintering due to ease of measurement and is usually reported as a
percentage of the theoretical density of the bulk material to reduce complications due to the
wide variety of systems on which sintering can be carried out. One of the primary goals is
to identify the temperature and time which would result in the sintered product to acquire
more than 95% of the theoretical density. However, in many cases, the difference between
the theoretical and sintered density, termed porosity, is kept to a considerable amount. In
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these instances having open pores close to the surface of the sintered product is critical
to the application of the sintered product as in self-lubricating bearings, capacitors, etc.
Density can be measured by a wide variety of experimental techniques ranging from simpler
ones like direct measurement of mass and volume, Archimedes principle for complicated
shapes to complicated ones like X-ray absorption, small angle neutron scattering, gamma
ray absorption, magnetic resonance imaging, ultrasonic attenuation, gas pycnometry and by
usage of eddy currents.
The pristine powder particles have very little strength and the mechanical properties
of the sintered product is a good way to track the progress of sintering. Increase in density
usually results in an increase in the strength of the sintered product. On the other hand pores
cannot carry stress and may also result in the formation of cracks thereby being detrimental
to the performance of the product. Standard tests for measurement of strength of sintered
products include the compression test where a right circular cylinder is compressed between
two flat faces till the required deformation. Sintered brittle materials are often subjected to
three point bending transverse rupture test. In the Brazilian test, a sintered product in the
form of a disc is crushed between two flat platens. Evolution of strength provide a lot of
information about the performance of the product in a wide variety of applications.
Thermal and electrical conductivities are important properties of sintered products
especially for applications in devices used in electronics and electrical power. A strong
sintered compact usually provides better conductivity while it usually decreases with an
increase in porosity.
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Densification is usually accompanied by a reduction in surface area during sintering.
It is an overall average of the surface reductions at the large number of necks formed between
pairs of particles and can even be tracked when there is no shrinkage. Changes in surface
area are usually measured by gas absorption, permeability of gases and to some extent by
quantitative microscopy.
7 Conventional sintering limitations
Conventional sintering of metallic glasses by hot isostatic pressing exhibited that an
extremely high amount of applied pressure of about 1.5 GPa is necessary to achieve >90%
relative density. Additionally binders are required for the manufacturing of this compact
to high density. The temperature required for achieving this density is extremely high.
Such high temperatures would inevitably result in the structural transformations of the
metallic glass powder such as medium range ordering, glass transition and crystallization.
The inability to preserve the amorphous structure results in a deterioration of the superior
properties of metallic glasses. The prolonged sintering cycles also leads to the metallic
glass being annealed at the high temperatures for prolonged times that poses an additional
problem.
A possible strategy to circumvent this problem would be to enable to achieve sintering
at comparative lower temperatures and in shorter duration cycles. This would be possible if
higher amount of energy can be input into the powder system. As compared to conventional
sintering processes that utilize solely temperature and pressure, increased energy can be
employed into the system by an input of electric current. Spark plasma sintering provides
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the scope of employing pulsed direct current. In case of conducting powder particles the
current itself aids in the enhanced compaction of the powder. Even in the case of non-
conducting powder the direct current is capable of Joule heating and resultant enhancement
in heating rates. This reduces the sintering temperature and cycle times for densification.
Hence spark plasma sintering harbors significant potential for achieving high densification
of metallic glass powder compacts without detrimental structural transformations.
8 Spark plasma sintering
A typical spark plasma sintering (SPS) machine consists of an electrically conductive
vertical unit comprising of a graphite die, punches, spacers and electrodes stationed entirely
inside a water cooled low pressure chamber. A low voltage, usually not more than 10 V, is
maintained across the electrodes. Electric current controlled by a direct current (DC) pulse
generator, that can range from 1 kA to as high as 10 kA, can be passed through the die
that houses the powder material meant for sintering. In addition to conduction from the die
heated by the electric current passing through it, powders can also be heated directly by the
passage of the current if it is itself conductive. In either case, high heating rates from 100 to
1000 ◦C min−1 can be employed in spark plasma sintering cycles. A simultaneous uniaxial
pressure up to about 150 MPa can be transmitted to the powder through the punches. Higher
pressures close to 1 GPa, however, necessitates the use of harder tungsten carbide (WC)
punches. Cooling rates are usually around 150 ◦C min−1 while those up to 400 ◦C min−1 can
be brought about by the efficient flow of gases inside the system. Although the limit of the
breadth of understanding of the process has led to various nomenclatures floating in the
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relevant scope like current activated and pressure assisted densification (CAPAD), electric
field assisted sintering (EFAS), field assisted sintering technology (FAST) and pulsed electric
current sintering (PECS), this thesis will adhere to the one most prevalent in the sintering
literature, namely, spark plasma sintering.
9 Current and heating
A great bulk of phenomena taking place during spark plasma sintering cycles are
brought about by the passage of electric current through the die and/or powder and con-
comitant heating of both of the above. In view of the daunting task of making a clear
distinction between the two as being the cause of any such phenomenon since these are de-
pendent on one another, it seems much more reasonable to explore the fundamentals of the
interactions of materials with electric and thermal fields. The following presents a progression
of such instances relevant to the spark plasma sintering process.
9.1 Atomic mobility and reactivity
The motion of atoms is of critical importance in the mass transport and resulting
densification during any sintering process. The presence of a direct current field enhances the
interdiffusion and reactivity between two species resulting in increased product formation and
decreased incubation time as observed in diffusion couples in both oxide and metallic systems
such as Al2O3-CaO, Al2O3-MgO, Cao-SiO2 and Al-Au respectively. This is accompanied
with a shift, ∆, in the concentration profile of the different diffusing species usually in the
direction down the field, that can be expressed as
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∆ = µeffEt (I.12)
where µeff is the effective electrical mobility of the diffusing species in the direction of the
field, E is the strength of the electric field and t is the time. Such enhancement of reactivity
was found to be independent of the polarity of the field which is comprehensible as the
rate of formation of intermetallics in the systems as above are limited by the compulsion
of maintaining its stoichiometry and structure rather than being determined merely by the
kinetics of diffusion. Indeed, in cases where the formation of intermetallics do not occur as in
an isomorphous Cu-Ni-Cu diffusion couple, the diffusion profiles vary depending on whether
one of the ends of the couple (e.g. Cu) is connected to the positive or negative pole of the
field. However, in such instances the activation energy of diffusion as calculated from the
resulting concentration profiles were found to be unchanged showing that the field keeps the
underlying mechanism of diffusion unchanged.
9.2 Grain boundary mobility
Akin to motion in a crystal, atomic migration across and along grain boundaries
plays a major role in sintering and is affected by electrostatic modifications at the grain
boundary. For example, in solids containing migrating ionic species, the difference in energy
of formation of anion and cation defects leads to the formation of a space charge layer close
to the grain boundary resulting in the development of an electrostatic potential in these
regions. An external electric field interacts with this layer to alter the activation energy for
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migration of the above species across the grain boundaries according to






where ∆Gm is the modification of the activation energy of the migrating species, ∆Gc is the
modification in the driving force due to difference of curvature of grain, zi is the charge of
the migration species, e is the elementary charge, s the distance of jump, UB the applied
bias voltage and lD is the width of the space charge layer referred to as the Debye length. As
a consequence, it was observed that a double layer of alumina with very small grain size of
4 µm in one layer and much larger 170 µm in the other when annealed in the presence of an
electric field of strength 200 V cm−1, wherein the side with the smaller grains was positively
biased, exhibited markedly higher grain boundary mobility and hence displacement in the
smaller grain side.
9.3 Electromigration
The transfer of mass by the migration of metal ions due to an exchange of momen-
tum with conducting electrons in presence of high current densities resulting in formation
of voids in integrated circuits is a well-known obstacle in the electronics industry. During
spark plasma sintering it affects the reactivity and densification of powders and is becoming
increasingly relevant as the dimensions of the starting materials and structures of final prod-
ucts escalate towards the nano-regime. Atomic motion in pure metals, usually controlled by
vacancy mediated diffusion, is modified in situations as stated above with the flux of atoms
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where J*el is the flux of atoms, Da is the diffusivity of the atomic species, c is the concentration
of vacancies, k is the Boltzmann constant, Z*el is the nominal valence of metal atom that
accounts for the direct electric force on it, Z*wd is the nominal valence of metal atom that
applies to the momentum exchange between the ions and other carriers, e the elementary
charge, Ω is the resistivity and j the current density. The effect of current densities during
electromigration in metallic systems was clearly observed in Al-Au diffusion couples.
Apart from the obvious influence of temperature, electromigration is also strongly de-
pendent on the microstructure of the material. In the absence of defects like pores, inclusions,
dislocations and grain boundaries, electromigration is associated with the accrual of material
at one electrode and depletion at the other with the amounts usually being equal to each
other. However, as with the majority of processed compacts, the existence of grain bound-
aries alone with conductivities different from that of the bulk leads to a non-zero overall flux
of atoms. With the aforementioned amplification of processing nanostructured materials by




As mentioned earlier, heating rates as high as 1000 ◦C min−1 can be employed in spark
plasma sintering cycles. In order to completely appreciate the effects of such high heating
rates it should be noted that a typical sintering cycle progresses through a sequence of various
mass transport mechanisms some of which involve surface transport without any densification
while others involve bulk transport leading to densification. Such a sequence usually begins
with mechanisms with lower activation energies like surface diffusion and ends with those
with higher ones like volume diffusion. High heating rates bring about two-fold benefits in
sintering cycles. Firstly, the amount of time involved in the initial non-densifying process like
surface diffusion is drastically reduced. This allows for sintering cycles to be completed much
faster typically within minutes. Secondly from a thermodynamic point of view, the above
incomplete surface diffusion averts a reduction of driving force for mass transport otherwise
brought about by pore rounding and associated reduction of surface area. This ‘preserved’
driving force enhances following densifying mass transport mechanisms resulting in faster
sintering. This is exhibited by a drastic rate of reduction of porosity in aluminum powders
with increasing heating rates although the aforesaid rounding of pores is affected to a lesser
extent as the initial grain size reduces. Higher heating rates also alter the temperature at










where A and B are material constants, c is the heating rate, T is the temperature, ∆Hrxn is
the enthalpy of the reaction and kB is the Boltzmann constant.
10 Pressure
The role of externally applied pressure in sintering can be broadly divided into two
categories. The first one involves mechanical effects like particle rearrangement and destruc-
tion of agglomerates while the second is related to chemical effects like modification of driving
force and chemical potential at the surface of particles. In presence of stress the chemical
potential at the interface between particles is
µ = µ̇− σnΩ (I.16)
where µ is the modified chemical potential at the interface between particles, ˙µ is the
standard chemical potential, σn is the normal stress at the interface and Ω is the atomic
volume of the diffusing species. As per convention, a compressive stress is deemed to have
negative values in the above equation. Thus it can be seen that during typical spark plasma
sintering the application of an external uniaxial compressive pressure on the starting powder
material leads to an increase in the driving force resulting in a decrease in the temperature
necessary for sintering.
Delving deeper into the microscopic regime of the powder compact, the state of stress
at the interface between particles can be resolved into hydrostatic and deviatoric components.
The hydrostatic component acts to alter the surface energy and hence the stress associated
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with the curvature of the surface of the pores given by
dV s
dt








where Vs is the fraction of bulk material and (1 - Vs) is the fraction of the pores, B is the
factor that accounts for the diffusion of the species, γsv is the surface energy of the particle,
dp is the diameter of the pore, g is a factor that is related to the geometry of the pore and
PE is the effective pressure. The deviatoric component, on the other hand, mainly provides
shear stresses that aid sintering by one or more of particle rearrangement, disintegration of
agglomerates, cleansing of surface by elimination of oxides and impurities and plastic flow of
material in the closing stages. The above mechanisms working together result in an overall
increase in the number of contacts developed adjacent to a powder particle, known as the
coordination number given by e deviatoric component, on the other hand, mainly provides
shear stresses that aid sintering by one or more of particle rearrangement, disintegration of
agglomerates, cleansing of surface by elimination of oxides and impurities and plastic flow of
material in the closing stages. The above mechanisms working together result in an overall
increase in the number of contacts developed adjacent to a powder particle, known as the
coordination number given by
N c = 14− 10.4(1− V s)0.38 (I.18)
where Nc is the coordination number and Vs is the fraction of bulk material.
It is relevant to add that the electric field also influences the mechanical behavior of
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the powder during sintering. Strain rates in creep processes may be increased or decreased
when the homologous temperature is above about 0.5Tm where Tm is the melting point of
the powder material especially during the final stages of the sintering cycle. The modulus is





where E is the elastic modulus, Z* is the effective valence parameter of the diffusing species, e
is the elementary charge, φ is the strength of the applied electric field, α is a proportionality
constant, id is the current density and s is the area over which the force acts. Much is
unknown about the effect of the electric field on dislocations. However, it can be said that
in materials where dislocations are not associated with any charge, as in metals, the field
with usual densities below 105 A cm−2 are not expected to affect their behavior. But in cases
where the dislocations are coupled with a charge, as in halides, the field can exert a force on
them depending on their orientation given by
τ.b̂ = q.Ecosθ (I.20)
where τ is the applied stress, b̂ is the Burgers vector, q is the charge per unit length of
dislocation, E is the strength of the applied electric field and θ is the angle between the field
and the Burgers vector.
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11 Spark and plasma
The occurrence of spark discharge and existence of plasma is possibly the most de-
bated issue relevant to the spark plasma sintering process and remains unresolved to this
date. Almost all of the early reports on spark plasma sintering attributed the enhancement
of densification to the existence of sparks in the contacts between powder particles. Such
sparks were also thought to bring about local formation of plasma. It was believed that
such discharges aid in sintering by ionization of material that results in an increase in mass
transport, cleaning of surface of particles by sputtering and ablation of oxides. High tem-
peratures developed at the interface between adjacent particles during spark discharge was
considered to result in local melting and even evaporation. However, such roles played by
discharge was only considered responsible without any direct proof of their existence.
Recently, the investigation about the presence of spark discharge has taken off from a
much more fundamental point of view. It has been observed that local sparking occurred at
the interparticle contacts especially during the advent of sintering. But neck growth ensued
at such contacts irrespective of the occurrence of sparks thereby providing no apparent
convenience over their absence. It has been argued that the occurrence of discharges could
be safely set aside for non-conducting samples. Similarly several authors have argued both
in favor of and against the absence of spark and plasma during spark plasma sintering cycles.
The reports rely chiefly on observation of the experimental set up and/or neck region in the
sintered compacts.
Deeper insights have been obtained as to the conditions prevalent during typical spark
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plasma sintering cycles are conducive for the formations and stability of discharges. Among
three distinct forms of vacuum discharges namely arc, spark and glow the latter two can
be generated and sustained only in presence of very strong electric fields about hundreds or
thousands of volts in magnitude. These can be safely negated since, as mentioned before,
the electrodes in spark plasma sintering maintain a maximum of 10 V across them. Stable
arcs, on the other hand, may theoretically be feasible in metallic materials or in dielectric
ones where sufficient polarization can take place. At the same time, it is worth noting
that the Debye length or the critical distance for production of discharge is about 10 µm in
vacuum, much larger than that between two adjacent particles in a green body use in spark
plasma sintering cycles. Additionally, whether the density of charge carriers like ions and
free electrons is high enough to maintain continuous discharges is also a reasonable query
that still needs to be resolved in this regard.
12 Oxidation
Progress of human civilization has been inextricably associated with the discovery of
novel materials that exhibit exceptional properties. One of the recent examples of such a
class of materials is metallic glasses [35, 36, 37]. These are solid metallic alloys that exhibit
an atomic structure that is fundamentally different from polycrystalline materials [38, 39].
Metallic glasses possess a homogeneous disordered atomic structure that is devoid of con-
ventional crystalline defects such as dislocations and grain boundaries [40, 41]. As a result
of this defect-free, disordered atomic structure, metallic glasses manifest mechanical [42, 43],
tribological [44, 45] and magnetic properties [46, 47] that are superior to those of their poly-
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crystalline counterparts. Among them, iron-based metallic glasses are particularly attractive
[48, 49], being comparatively inexpensive in materials costs as compared to palladium and
zirconium-based ones. For example, Fe48Cr15Mo14Y2C15B6 metallic glass exhibits exception-
ally high elastic modulus of 200 GPa and compressive fracture strength of 3200 MPa. The
hardness of this metallic glass is also high, being about 13 GPa [50, 51, 52, 53]. Metallic
glasses in the Fe-Si-B alloy system also possess excellent soft magnetic properties such as
high permeability and low core loss. The saturation induction and maximum dc permeability
of MetglasR 2605SA1 are 1.56 T and 600 kN A−2 respectively [54, 55, 56]. These outstand-
ing properties of metallic glasses harbor the potential to be utilized in a wide spectrum of
applications spanning hard dies and tools, wear resistant cutting materials and transformer
cores thereby ushering rapid technological and industrial advancement.
12.1 Stability
In order that an extensive commercial utilization of metallic glasses be viable, it is
critical to evaluate these materials for their environmental stability at elevated temperatures
[57]. It is imperative that metallic glasses exhibit adequate resistance against detrimental
oxygen environments to be able to execute satisfactory performance [58]. For example, it
is necessary to anneal metallic glass ribbons under a magnetic field to reduce stress and
attain the requisite domain structure [59]. In most industrial manufacturing processes an
ideal vacuum annealing environment is seldom achievable [60]. The result is an occurrence of
oxidation on the surface of metallic glasses that introduces magnetic anisotropy and pinning
centers that severely deteriorates soft magnetic properties [60]. This phenomenon of oxida-
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tion in metallic glasses is fundamentally different than that in polycrystalline materials and is
expected to be more uniform due to the absence of grain boundaries [57]. Additionally, it has
been observed that the composition of oxide films naturally formed in air on metallic glasses
exerts strong influence on their passivity and corrosion behavior [61, 62]. From a different
perspective, thermally induced oxidation is a major chemical approach to synthesize oxide
thin films for applications such as sensors, catalysts, insulators and bioimplants [63]. Oxida-
tion of metallic glasses have also been reported to yield a ten times improvement in the wear
resistance of these materials [64, 65, 66]. This could be utilized by metallic glass alloys and
coatings fabricated by a number of processing techniques such as laser cladding and spark
plasma sintering [67, 68, 69]. Thus, the successful manufacturing and applications of metal-
lic glasses mandates a fundamental understanding of their behavior in oxygen-containing
atmospheres during thermally activated processes.
The utilization of metallic glass alloy systems during manufacturing as well as appli-
cations is most extensive in the temperature regime of the supercooled liquid region (SLR)
or, in other words, between the glass transition temperature Tg and the onset crystalliza-
tion temperature Tx [70]. This temperature regime enables harnessing the drastic decrease
in viscosity of metallic glasses [71]. Indeed these materials have been observed to exhibit
viscosities varying from 1× 1012 Pa s at Tg to 1× 105 Pa s at Tx [72]. Superplastic forming
of metallic glasses can thus be achieved to fabricate complex near net components [73]. Ad-
ditionally, this temperature regime, which is an evidence of the remarkable stability of the
metallic glass against crystallization, restricts devitrification and permits preservation of the
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amorphous structure of the material and hence its superior properties discussed earlier [74].
Thus investigation of the response of metallic glasses to oxidation in the supercooled liquid
region without devitrification of its structure is of paramount importance.
12.2 Material selection
An accurate investigation of the oxidation behavior of metallic glasses in the super-
cooled liquid region warrants the selection of materials and employment of characterization
techniques that enable precise and reliable identification of chemistry and quantification of
the volume of oxide species evolved. It is established that oxidation is a slow, diffusion based
phenomenon that occurs on the surface of materials. Reported examinations of oxidation
are mostly limited to bulk and ribbon forms of metallic glasses [75, 76, 77]. The relatively
lower specific surface area of these materials result in the evolution of a minute volumes of
oxides [78]. Consequently, reliable quantification of oxidation is significantly impeded. It
is thus commonplace to observe that such quantification is generally performed by indirect
means such as estimation of weight [79]. This impediment is especially severe during the
initial stages of oxidation, which, in fact, provide deeper insight into the reaction and hence
arouses further intrigue. Conventional characterization techniques too induce drawbacks in
analyzing the oxidation behavior of these materials. Scanning electron microscopy (SEM),
for example, can resolve the morphology of films evolved only over a prolonged duration of
oxidation [78]. Laboratory scale desktop X-ray diffraction (XRD) instruments while capable
of determining the structure of oxides, the intensity of scattering is not representative of the
minute volume of oxides formed [57].
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12.3 In-situ characterization
Circumvention of these problems validates both the utilization of metallic glass in
powder form that exhibits higher specific surface area as well as characterization techniques
that can directly enumerate the evolution of oxides, particularly at the initial stages. In
this regard, synchrotron-based in-situ X-ray scattering techniques are particularly attractive
[80, 81]. For example, ultra-small angle X-ray scattering (USAXS) is a powerful technique
that enables the acquisition of a high intensity of scattering [82, 83] even from a minute
volume of structural features in metallic glasses [84]. Recent development of experimental
environments have equipped the scientific community to acquire USAXS intensities in-situ
during thermally-activated phenomena [85]. The USAXS intensity, I(Q) can be acquired
over a broad range of the scattering vector, Q [86]. The dimensions of the scattering features
are directly correlated to the scattering vector as 2π/Q [87]. Thus the distribution of USAXS
intensity, I(Q) over the scattering vector, Q enables analysis of hierarchical structural fea-
tures across a wide span of length scales from hundreds of micrometres to a few nanometres.
The nature of the USAXS intensity distribution as a function of the scattering vector is also
characteristic of the morphology of the scattering features due to the unique form factor
each generates. For example, each of spheres, disks and cylinders of the same material will
generate characteristic form factors and hence intensity distributions that can be utilized to
distinguish between features of different morphologies [88]. The measured intensity distri-
butions can be further fitted by small angle scattering analysis software tools based upon
physical models that replicate the evolution of reactions [89, 90]. This in turn can be utilized
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to yield quantitative information on the evolution of the scattering features. In summary,
while ex-situ characterization techniques are suitable for the identification of chemistry and
structure of oxides, in-situ techniques can enable quantification of time dependent evolution.
These strongly complement each other and, utilized in conjunction, provide an excellent pro-
cedure of accurately establishing the oxidation behavior of metallic glass powder throughout
the initial stages towards conclusion.
13 Crystallization
The critical importance of kinetics in the development and processing of metallic
glasses has been established since their inception. For example, the success in the synthesis
of the first metallic glass, Au-Si in 1960 was achieved largely due to rapid quenching tech-
niques capable of cooling metallic alloy melts at a very high rate of about 106 K s−1 [12]. It
clearly demonstrated that the formation of thermodynamically stable crystalline phases by
nucleation and growth can be completely avoided by tailored kinetics to process metastable
amorphous alloys, for example, in Pd-based alloy systems such as Pd-Cu-Si and Pd-Ag-Si
[13]. Fundamental investigations on these Pd-based metallic glasses laid the foundations of
understanding thermal transformations such as glass transition and crystallization in these
materials. This scientific knowledge together with the development of the novel melt spin-
ning processing technique enabled thin amorphous Fe40Ni40B20 ribbons known as MetGlas
R




While the properties of metallic glasses render them commercially attractive, their
structure presents a critical processing limitation. The metallic bonding in these materials,
being isotropic in nature, mandates extremely high cooling rates for complete amorphization
as noted earlier [92]. It is thus necessary to have at least one dimension of the quenched
glass extremely small so as to enable rapid extraction of heat across that direction [93]. This
restricted the production of metallic glasses to forms such as ribbons, wires and powder
where the respective thickness and diameters would be of the order of a few micrometers.
Subsequent research was primarily directed towards scaling up the dimensions of
these materials by increasing their glass forming ability (GFA). It was established that a
large mismatch in the sizes of atoms [94] and negative heat of mixing between the con-
stituent elements were primary criteria for a highly dense random packing [95]. This is
commonly known as the ‘confusion effect’ [96] wherein upon rapid quenching the atoms of
the large number of constituent elements cannot arrange themselves in an ordered lattice due
to reduced diffusivity at low temperatures. The required critical cooling rates for this group
of materials are significantly lower, about 1 K s−1, which can be realized by comparatively
simpler casting techniques. Consequently, depending upon the size of the mold, the dimen-
sions of these alloys can reach up to several millimeters, thereby earning the designation
‘bulk metallic glasses’. One of the earliest precedents among this novel class of materials is
Zr41Ti14Cu12Ni10Be23, commercially known as Vitreloy 1
R [16]. It was eventually followed
by numerous others in a wide range of alloy systems such as Pd-Cu-Ni-P , Pt-Co-Ni-Cu-P,
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Ti-Ni-Cu-Sn, Ni-Zr-Cr-B and La-Al-Ni-Cu-Co [17, 18, 19, 20, 21].
13.2 Iron based metallic glasses
It can be immediately observed that the constituent elements in these bulk metallic
glasses (BMGs) are extremely expensive. The attention thus naturally shifted to the de-
velopment of comparatively cheaper Fe-based BMGs [22]. Following the first in this group,
namely Fe-Al-Ga-P-C-B [23], a large number of alloy systems have been reported to form
BMGs by a variety of processing techniques such as copper mold casting, suction casting and
injection molding. These are mostly metal-metalloid alloy systems with the typical metallic
elements such as Fe, Cr, Mo, Co and Ni constituting about 80% of the alloy composition
while typical metalloid elements such as B and Si constitute the rest 20% [24, 26]. For ex-
ample, one of the alloys of key importance in this group is Fe50Cr15Mo14C15B6 that is often
referred to as ‘amorphous steel’ and its high temperature thermoplastic formability has been
investigated for potential structural applications. Considerable research is focused on mod-
ifying this alloy by addition of rare earth elements such as Dy, Er, Tm and Y [25, 24] for
improving its properties. Fe48Cr15Mo14Y2C15B6, in particular, exhibits a high elastic mod-
ulus of 200 GPa, compressive fracture strength of 3200 MPa, and hardness of about 13 GPa
[27, 52]. Its superior wear and corrosion resistance has also been utilized as amorphous
coatings processed by a variety of techniques [28, 29]. However, since the amorphous alloy is
inherently metastable, exposure to substantially high temperatures during these applications
can induce structural transformations that may deteriorate its properties. Thus, in order to
harness these attractive prospects, it is critical to understand the thermal behavior of this
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Fe48Cr15Mo14Y2C15B6 metallic glass. Research carried out with this motivation has, how-
ever, been mostly limited to an investigation of the GFA and the largest diameter and section
thickness of the alloy synthesized by various methods [24]. On the other hand, examination
of crystallization has been restricted to experimental reports of characteristic temperatures
at scattered heating rates [97, 98] which deter the establishment of the underlying mechanism
of solid-state transitions in this alloy.
13.3 Non-conventional characterization
Reported analyses on crystallization in spark plasma sintered iron based bulk metallic
glasses, however, suffer from drawbacks of the techniques employed. For example, calorimet-
ric studies on in-situ composites [99] only provided limited information on the activation
energy of the exothermic reactions that is largely dependent of the analytical model used
[100, 101]. Crystal sizes estimated from x-ray diffraction alone, while an approximate indi-
cator of the dimensions of the crystals are subject to the broadening of the instrument itself
and that of the pure compound. Additionally it is unexpected that the evolution of crystals
in sintered metallic glasses would exhibit a single size [102]. Hence estimates of the volume
fraction of these crystals and results derived from rate kinetics are also debatable. It has
been proven that the mechanical properties and thermal stability of these metallic glasses
are dependent not only on the mean size of the crystals but also on their distribution and
volume fraction [103].
In this regard, small angle neutron scattering (SANS) is a powerful technique for an
accurate quantitative analysis of crystallization in spark plasma sintered iron based bulk
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metallic glasses [104]. It enables the acquisition of a high intensity of scattering from crys-
tals embedded within a bulk metallic glass matrix in-situ during annealing and hence the
precise determination of the critical temperature of processing and safe service. This in-
tensity can be acquired over a broad range of the scattering vector, Q and hence facilitate
the study of the evolution of structure across a wide span of length scales [86], D from the
direct relationship between them as D = 2π/Q [87]. The small angle scattering analysis tool
IRENA [90] complements this with the capability of calculating scattering contrast of any
phase as a function of its composition and can be utilized to obtain an accurate estimate of
the distribution of size and volume of each crystal. SANS equipped with supporting struc-
tural and microscopic techniques can thus be utilized to establish a cogent understanding
of the crystallization in metallic glasses. This thesis thus aims to analyze the crystallization
behavior in a spark plasma sintered iron based bulk metallic glass during annealing. Devel-
opment of the microstructure during isothermal annealing is presented. The SANS intensity
acquired during annealing is fitted with a size distribution tool to estimate the evolution of
the diameter and volume of crystals. These results are utilized to establish the mechanism
of crystallization in this material.
14 Motivation
The present thesis aims to establish a fundamental understanding of the multitude
of thermal phenomena in Fe48Cr15Mo14Y2C15B6 metallic glass powder. Particular emphasis
is laid upon thermally induced densification, oxidation and crystallization in this material.
The densification of the iron-based metallic glass powder during spark plasma sin-
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tering is presented. The stages of densification are identified along with the temperature
ranges at which they are prevalent. The mechanism of consolidation is investigated along
with a theoretical analysis of the kinetics of mass flow. The effect of externally employed
parameters such as heating rate and applied pressure on the modification of the kinetics
if established to enable prediction of output properties of metallic glass compacts such as
relative density and geometry.
The morphology and structure of oxides on this metallic glass powder is identified.
The kinetics of isothermal oxidation are theoretically predicted and compared against ex-
perimentally measured ones.
The evolution of structure in iron-based metallic glass powder with temperature is
investigated. The phases evolving as a result of isochronal thermal annealing are identified
along with an estimation of their corresponding activation energy barrier. The mechanism of
crystallization of each of the phases is established and is concluded with the effect of heating




1 Metallic glass powder
An iron-based metallic glass powder of nominal composition Fe48Cr15Mo14Y2C15B6
(at.%) was employed in this investigation. The powder consisted of particles of average
diameter 40 µm and standard deviation of about 10 µm.
2 Spark plasma sintering
Spark plasma sintering (SPS) was performed in a commercial SPS unit (Thermal
Technology, SPS 10-3). Graphite dies with internal diameter 15.2 mm and graphite punches
of diameter 15 mm were utilized. To reduce friction and aid in the displacement of the
punches within the graphite die, a thin graphite foil of thickness 0.1 mm was wrapped around
the punches. Temperature was measured using a K-type thermocouple placed inside the wall
of the die. The entire setup was placed in a chamber inside the SPS unit and sintering was
performed in vacuum (1.33 Pa).
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For analysis of viscous flow and heating rate the powder was first prepressed under
a uniaxial compressive pressure of 25 MPa. It was then sintered from ambient temperature
continuously up to 1000 ◦C at heating rates of 25, 50, 100 and 150 ◦C min−1 during which the
pressure was maintained constant. For the study on pressure controlled deformation assisted
sintering, the powder was first prepressed under different applied pressures of 20, 30, 50 and
70 MPa. This was followed by sintering from ambient temperature to 560 ◦C at a constant
heating rate of 25 ◦C min−1 while the pressure was kept constant in each case.
Investigations on crystallization were performed in samples sintered at temperatures
of 570, 600, 630, 650, 700, 750 and 800 ◦C attained at a heating rate of 100 ◦C min−1 along
with simultaneous application of uniaxial compressive pressure up to 70 MPa.
Samples in the shape of discs, 15 mm in diameter and about 3 mm in thickness were
obtained by these processing conditions.
3 Sample preparation
Surfaces of samples were polished first by silicon carbide papers of increasing grit
from 300, 600, 1200, 2400 and 4000. This was followed by polishing with diamond suspen-
sion. For superior quality surface finish final polishing was performed with alumina (Al2O3)
suspension.
4 Density measurement
During all sintering experiments, temperature, pressure and punch position were
recorded with time. The punch position was utilized for calculating powder contraction
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(reduction in thickness of powder compact), relative density, densification rate and shrink-
age of the powder compact.
Density of sintered compacts was also measured according to Archimedes’ principle.
For samples with relative densities up to 98%, ASTM Standard Designation: B962-17 ‘Stan-
dard Test Methods for Density of Compacted or Sintered Powder Metallurgy (PM) Products
Using Archimedes’ Principle [105] was followed. For samples with relative density less than
2%, ASTM Standard Designation: B311-17 ‘Standard Test Method for Density of Powder
Metallurgy (PM) Materials Containing Less Than Two Percent Porosity’ [106] was employed.
5 Scanning electron microscopy
Morphology of powder particles and sintered compacts were observed in two scanning
electron microscopes. Overall low magnification images were acquired using a JEOL, JSM
6360 scanning electron microscope. High resolution scanning electron microscopy was con-
ducted using a FEI, Quanta 600 scanning electron microscope equipped with a field emission
gun (FEG).
6 Image analysis
Sizes of particles were measured using a public domain image processing software,
ImageJ, available from the National Institute of Health (NIH), USA.
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7 X-ray diffraction
Structural analysis of the pristine and annealed powder and sintered samples were
carried out in an X-ray diffractometer (Philips Norelco) operating with Cu-Kα radiation
(λ=1.541 78 Å) at 45 kV and 40 mA. The diffraction angle was varied from 30 ◦to 60 ◦at a
step increment of 0.02 ◦with a count time of 1 s.
8 Hardness
Indentation hardness was measured in a Vicker’s microhardness tester (Clark’s In-
struments, CM-700AT). The instrument was operated at a load of 2.94 N and a holding time
of 10 s.
9 Differential scanning calorimetry
Thermal behavior of the powder was evaluated by a simultaneous thermal analyzer
(TA Instruments, SDT Q600) under dry high purity argon gas atmosphere at a flow rate of
50 ml min−1. About 100 mg of powder was heated in alumina crucibles, continuously from
ambient temperature to 1273 K (1000 ◦C) at constant heating rates of 0.17, 0.33, 0.50 and
0.67 K s−1 (10, 20, 30 and 40 ◦C min−1).
10 Transmission electron microscopy
Samples for transmission electron microscopy were prepared by a dual beam focused
ion beam technique (FEI Nova 200 Nano Lab). High resolution images and selected area
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diffraction patterns were acquired in a transmission electron microscope (FEI Technai F20)
operated at 200 kV.
11 Isothermal oxidation
Ex-situ isothermal oxidation of the metallic glass powder was carried out in a muf-
fle furnace (Thermo Fisher Scientific, FB1315M) in freely flowing dry air at atmospheric
pressure at 580 ◦C and 650 ◦C. For each experiment, the furnace was first preheated to the
desired temperature. After the temperature stabilized, about 3 g of the powder was placed
in an alumina crucible and introduced inside the furnace. Isothermal time dependent exper-
iments were conducted at the lower temperature, 580 ◦C for 120, 240, 360, 480, 600 and 720
min and at the higher temperature, 650 ◦C for 60, 120, 180, 240 and 300 min respectively.
Temperature was controlled within ± 0.3 ◦C during all the experiments.
12 Single-particle Raman spectroscopy
Chemical identification of the oxides was conducted by Raman spectroscopy. Spectra
were acquired by a micro-Raman spectrometer (WITec, alpha300 R) equipped with a grating
of 600 lines mm−1. A laser wavelength of 532 nm was utilized to excite the spectra with an
incident laser power of 3 mW. The laser spot size on the samples was 10 µm in diameter.
The signal was accumulated for 200 s by employing a 20X objective lens.
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13 Ultra-small angle X-ray scattering
In-situ ultra-small angle X-ray scattering experiments were performed during isother-
mal oxidation of the metallic glass powder. For each experiment, a sample ‘sandwich’ was
prepared using mica sheets and the metallic glass powder as described here. First, a circular
sheet of mica with thickness 25 µm and diameter 6 mm was laid out horizontally. Another
annular sheet of mica of the same thickness with external diameter of 6 mm and internal
aperture of 3 mm was placed on top of and concentric to the first sheet. A thin layer of the
metallic glass powder was spread uniformly within the internal aperture of the annular mica
sheet. Thus, the annular sheet behaved as a ‘washer’, thereby securing the powder sample
in place. A third sheet of mica, identical to the first one, was placed on top, covering the
powder and the annular sheet. A thin sample with the metallic glass powder sandwiched be-
tween mica sheets was thus assembled. In this configuration air flowed freely at atmospheric
pressure. This assembly was introduced within the sample cell of a temperature controlled
stage (Linkam Scientific, TS1500) with a temperature stability of 1 ◦C. The temperature of
the sample cell in the stage was increased from ambient to the desired values of 580 ◦C and
650 ◦C at a heating rate of 50 ◦C min−1. Isothermal time dependent experiments were con-
ducted at the lower temperature, 580 ◦C for 720 min and at the higher temperature, 650 ◦C
for 300 min.
X-ray scattering intensities were measured as a function of the scattering vector in the
range of 0.0005 to 0.2 Å
−1
, in-situ during isothermal oxidation, by the Ultra-Small Angle
X-ray Scattering instrument at beamline 9-ID of the Advanced Photon Source, Argonne
54
National Laboratory [82, 107, 83]. The instrument was operated with an X-ray wavelength
of 0.59 Å that corresponds to an X-ray energy of 21 keV, beam size of 0.8 mm × 0.8 mm and
X-ray photon flux of approximately 1013 mm−2 s−1. The exposure time for each measurement
was 1 min and the duration between two consecutive measurements was approximately 3 min.
Background scattering from the environment, instrument and temperature controlled stage
was subtracted from the measured intensities by the USAXS data reduction package, INDRA.
The small angle scattering data analysis tool suite IRENA was utilized for modeling the
reduced scattering intensities. X-ray scattering length densities and the corresponding X-
ray scattering contrasts of the materials were calculated based on their compositions by the
scattering contrast calculator support tool, also available in IRENA [90].
14 Thermogravimetric analysis
The gain in mass was measured in-situ during isothermal oxidation of the metallic
glass powder at 580 ◦C and 650 ◦C by a simultaneous thermal analyzer (TA Instruments, SDT
Q600). About 100 mg of the powder was placed in an alumina crucible and the temperature
of the sample was increased from ambient to the desired values of 580 ◦C and 650 ◦C at a
heating rate of 50 ◦C min−1. The gain in mass was measured continuously during isothermal
time dependent experiments at the lower temperature, 580 ◦C for 720 min and at the higher
temperature, 650 ◦C for 300 min.
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15 Extended Q-range Small Angle Neutron Scattering
In-situ neutron scattering experiments were performed during isochronal and isother-
mal annealing of the sintered samples. For isochronal annealing, the sintered samples were
heated from ambient temperature up to 800 ◦C while for isothermal ones, they were heated
up to 700 ◦C and 725 ◦C and held at the respective temperatures for 100 min each. Neu-
tron scattering intensities were measured as a function of the scattering vector in the range
of 0.01 to 0.4 Å
−1
, in-situ during annealing, by the General-Purpose Small-Angle Neutron
Scattering Diffractometer at beamline CG-2 of the High Flux Isotope Reactor, Oak Ridge
National Laboratory [108, 109]. The measured intensities were corrected for background
from the sample holder, sample thickness and transmission. These data were modelled and
analyzed by the size distribution tool available in IRENA software [90]. Neutron scattering
length densities and the corresponding neutron scattering contrasts of the materials were
calculated based on their compositions by the scattering contrast calculator support tool,





This chapter focuses on the sintering mechanisms in iron-based metallic glass pow-
der. The densification kinetics during isochronal sintering are analyzed to establish the
kinetics and activation energy of viscous flow. The effect of heating rate and pressure on the
densification kinetics are also presented.
2 Powder morphology
The representative morphology of the Fe-based metallic glass powder is presented in
Fig. ??. The powder is observed to consist of particles, mostly spherical, of various sizes.
The contents of this chapter are reproduced, with permission, from
1. T. Paul et al., Journal of Alloys and Compounds 738 (2018) 10 - 15
2. T. Paul et al., Journal of Physics D: Applied Physics 50 (2017) 1 - 4
3. T. Paul et al., Scripta Materialia 126 (2017) 37 - 40
4. T. Paul et al., Journal of Applied Physics 120 (2016) 134901
5. A. Singh et al., JOM 68 (2016) 1932 - 1937
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Figure 1: Morphology of Fe48Cr15Mo14Y2C15B6 metallic glass powder
In order to obtain a quantitative estimate, the sizes of the particles were measured. The
sizes were observed to be normally distributed, as shown in Fig. 2a. The relative fraction of
the number of particles with sizes within a specific range is plotted in Fig. 2b. More than
95% of the particles can be observed to have sizes ranging from 20 to 60 µm. The mean and
standard deviation of the sizes, estimated from an analysis of this normal distribution were
about 40 µm and 10 µm respectively.
During the sintering of powder with such a wide range of particle sizes, a continuous
network is formed by the relatively larger particles. The smaller particles, on the other hand,
saturate the intermediate voids within this network [110]. This can be observed in Fig. 3, a
scanning electron microscope (SEM) image of the fractured surface of a sample sintered at
600 ◦C. Such a distribution of powder particles of various sizes have been observed to result
in efficient packing with the closure of a large fraction of pores [111].
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Figure 2: (a) Normal distribution of sizes of Fe48Cr15Mo14Y2C15B6 metallic glass powder particles (b)
Relative fraction of powder particles within specific size ranges
Small particle filling
interstitial void Deformed 
particle
Large particles
Figure 3: Representative fracture surface of Fe48Cr15Mo14Y2C15B6 metallic glass powder SP sintered at
600 ◦C. The larger particles form a continuous network while the smaller ones saturate intermediate voids
3 Densification behavior
The x-ray diffraction (XRD) spectrum of the pristine Fe48Cr15Mo14Y2C15B6 metallic

















Figure 4: (a) X-ray diffraction spectrum of pristine Fe48Cr15Mo14Y2C15B6 metallic glass powder confirms
the amorphous nature of the material and (b) Differential scanning calorimetric trace at 20 K min−1 exhibits
a glass transition temperature of 575 ◦C and a crystallization onset temperature of 653 ◦C
amorphous materials. No sharp peaks, indicative of crystalline phases, can be observed in
the spectrum. Thus it can be concluded that the pristine metallic glass powder is fully
amorphous. The differential scanning calorimetry (DSC) curve of the powder, presented in
Fig. 4b [112], confirms the amorphous nature, exhibiting a clear glass transition temperature,
Tg of about 575
◦C and an onset crystallization temperature, To of about 653
◦C.
The relative density of the samples sintered at various temperatures is presented in
Fig. 5. Highly dense samples with relative density greater than 90% could be processed
at the investigated sintering temperatures ranging from 570 to 800 ◦C. In particular, the
relative density achieved in the sample sintered at 570 ◦C was about 92% which increased to
about 98% upon sintering at 630 ◦C. Sintering at 800 ◦C resulted in fully dense samples. The
SEM micrographs of the representative cross sections of the samples, presented in Fig. 6, also
agree well with this densification behavior. Very small number of pores can be observed in the
sample sintered at 570 ◦C (Fig. 6a), while the boundaries between adjacent particles can be
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Figure 5: Relative density of Fe48Cr15Mo14Y2C15B6 metallic glass powder SP sintered at different temper-
atures. Large densification is observed in the supercooled liquid region while that at higher temperatures is
lesser
distinguished. These pores and boundaries are almost completely eliminated in the sample
sintered at 630 ◦C (Fig. 6b.) No pores or boundaries are visible in the SEM micrograph
of the sample sintered at 800 ◦C (Fig. 6c). The increasing trend of relative density with
sintering temperature is thus confirmed by the SEM micrographs of the cross sections of the
sintered samples.
As observed in Fig. 5, during sintering in the supercooled liquid region (Tg - Tx
represented by vertical broken lines), a large increment in relative density of 6.3% occurred
with an increase in the sintering temperature from 570 to 630 ◦C. Further increments
in relative density with an increase in sintering temperature were, in contrast, considerably
lesser, about 1.5%. Thus it can be concluded that densification was greater up to 630 ◦C than








Figure 6: Cross sections of Fe48Cr15Mo14Y2C15B6 metallic glass powder SP sintered at (a) 575
◦C, (b)
600 ◦C and (c) 800 ◦C. Pores and interparticle boundaries can be distinguished in (a) and (b) while these
are completely eliminated in (c)
on the samples sintered at these temperatures. The resulting spectra are presented in Fig.
7 along with that of the pristine metallic glass powder for comparison.
It can be observed that a broad halo, characteristic of fully amorphous materials, can
be observed in the diffraction angle 2θ range of 41 to 46◦ in the XRD spectrum of the powder.
A similar halo is also exhibited by the XRD spectra of the samples sintered at 570 and 600
◦C indicating that they were also fully amorphous. Mass flow in amorphous materials occur
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Figure 7: X-ray diffraction spectrum of Fe48Cr15Mo14Y2C15B6 metallic glass powder SP sintered at different
temperatures. Sample is fully amorphous upon sintering at 575 ◦C and 600 ◦C
primarily by viscous flow. The extent of sintering can be determined by an estimation of the









where x is the radius of the neck of formed between two particles, ri and rf are the radii
of the pore before and after sintering for time t, a is the radius of the particles, γ is the
surface tension of the material and η is the viscosity of the material. The viscosity of
Fe48Cr15Mo14Y2C15B6 metallic glass exhibits high values of the order of 10
12 Pa s below the
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Tg, 575
◦C. In the SLR, however, it undergoes a reduction by almost two orders of magnitude
as the temperature increases from Tg to Tx, 653
◦C. This drastic reduction in viscosity led
to the progress in densification due to increase in the extent of sintering according to Eqs.
III.1 and III.2 resulting in large increments in density with increase in sintering temperature
up to 630 ◦C as observed in Fig. 5.
4 Viscous flow
4.1 Shrinkage and densification rate
The role of viscous mass flow mechanism during sintering of Fe48Cr15Mo14Y2C15B6
metallic glass powder was analyzed by studying the densification behavior. The contraction
of the powder compact with increasing temperature during SPS is presented in Fig. 8a. It
can observed that the powder undergoes an initial contraction of about 1.2 mm followed by
an additional contraction of about 0.2 mm before the curve flattens out at about 1000 ◦C.
To study the densification behavior, the instantaneous relative density of the sample during





where ρ (%) is the instantaneous relative density at time t (s), Lo (3.60 mm) is the initial
height of the compact, ρo (59.7%) is the initial relative density and L (mm) is the instan-
taneous height of the sample. The instantaneous relative density of the compact is plotted
against temperature as depicted in Fig. 89b. It can be observed that the densification of
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Figure 8: (a) Contraction of Fe48Cr15Mo14Y2C15B6 metallic glass powder compact during SP sintering up
to 1000 ◦C. (b) Evolution of instantaneous relative density of the samples. Relative density increases from
60% to 90% in Stage I which ceases at 740 ◦C followed by Stage II where it reaches near full densification
the powder takes place in two clearly distinguishable stages. Stage I is noted to begin form
a temperature of about 320 ◦C, as identified by the onset of densification. this is followed by
an increase in the the instantaneous relative density with temperature. At about 740 ◦C, a
cessation of the stage I densification is observed. The relative density increases from 60% to
90% in this range of temperature. Stage II is similarly identified to range from a tempera-
ture of about 830 ◦C to 1000 ◦C wherein the sample undergoes an additional increase in the
relative density to finally reach near full densification.
The increase in the relative density at temperatures higher than 320 ◦C suggests the
occurrence of bulk mass transport in this temperature regime. Further insight into the
densification behavior of the Fe48Cr15Mo14Y2C15B6 metallic glass powder can be obtained
upon estimation of the instantaneous densification rate according to [1]:
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−1) is the instantaneous densification rate at time tn and ρn+1 and ρn-1 are the
instantaneous relative densities at times tn+1 and tn-1. Here. the time interval (tn+1 - tn-1)
is 2 s. The variation in the instantaneous densification rate is presented in Fig. 9. It
confirms the ranges of temperature for the two stages of densification as observed in Fig. 8b.
Additionally it can be seen that the densification during Stage I increases to a much higher
rate as compared to that in Stage II.
The densification rate attains a maximum (peak rate) of almost 0.0011 s−1 at a tem-
perature of about 585 ◦C. The corresponding peak rate attained during Stage II at about
935 ◦C is much lower, about 0.0004 s−1. The characteristics of the two stages of densification
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Table 2: Characteristics of Stages I and II during SP sintering of Fe48Cr15Mo14Y2C15B6 metallic glass
powder compacts
Stage Start temperature Peak temperature Finish temperature Peak densification rate
(◦C) (◦C) (◦C) (s−1)
I 320 585 740 0.0011
II 830 935 1000 0.0004
are summarized in Table 2.
In order to identify the nature of the samples in the two stages, they were separately
sintered at various temperatures and analyzed by XRD. In particular, the XRD spectrum
of the sample sintered at the temperature at which the maximum densification rate was
attained in Stage I, namely, 585 ◦C, is presented in Fig. 10. The broad halo in the diffraction
spectrum indicates that the sample is fully amorphous. This is comprehensible as this
temperature is very close to the Tg of the material and hence it remains in its glassy state.
In contrast to the above, the XRD spectrum of the sample sintered at 800 ◦C shows only
sharp peaks corresponding to a partially crystalline sample. The phases identified in Fig.
10 are (Fe,Cr)23(C,B)6, Fe7C3 and Fe3C. This temperature is much above the Tx of the
material, and thus, samples sintered at this temperature are partially crystalline. Thus,
Stage II represents the densification behavior of a partially crystalline compact.
4.2 Activation energy
The amorphohus nature of the sample sintered at 585 ◦C leads to the conclusion that
during SPS in the entire temperature range from 320 ◦C to 585 ◦C in Stage I, the power
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Figure 10: X-ray diffraction spectra of Fe48Cr15Mo14Y2C15B6 metallic glass powder compacts sintered at
the peak temperature and before the onset of Stage II. At peak densification temperature the sample is fully
amorphous while before Stage II it is partially crystalline
compact is fully amorphous. Sintering in amorphous materials proceeds by viscous flow
[113, 114] where its contribution to the isothermal shrinkage of a compact of powder particles







where ∆L/Lo is the shrinkage of the powder, γ (J m
−2) is the surface energy, D (m) is the
average particle diameter, η (Pa s) is the coefficient of viscosity and t (s) is the time. Over a
small range of temperature, the coefficient of viscosity of an amorphous material follows an
Arrhenius equation expressed as [1]:
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where ηo (Pa s) is the frequency factor, Q (J mol
−1 is the activation energy for viscous flow, R
(8.314 J K−1 mol−1) is the universal gas constant and T (K) is the absolute temperature. The





where c (0.417 K s−1)) is the constant rate of heating employed here. The shrinkage rate
expressed in Eq. III.5 can be extended to constant rate heating conditions by differentiating
















The left hand side of Eq. III.8 involves estimation of the slope of the shrinkage with respect
to temperature at different temperatures. This function is extremely sensitive to the mea-
surement of contraction of the powder and the heating rate [116]. The resolution of 0.1 mm
in the measurement of the punch position makes the collection of data relevant to Eq. III.8
rather difficult. Minute variations in the heating rate also pose an additional problem to the













It should be noted that both the differential (Eq. III.8) and the integral (Eq. III.9) forms
yield identical values for the viscous flow parameters [117]. In obtaining Eq. III.9 it was
assumed that γ, ηo and Q are constant. Although the values of these parameters change
gradually with temperature, over small temperature intervals, such variation is negligible
and can thus be considered to be approximately independent of temperature [116]. Eq.
III.9 suggests that the data relevant to (∆L/Lo)/T
2 when plotted with respect to 1/T in a
semi-log plot should show a linear relationship over a limited range of temperature.
The parameter (∆L/Lo)/T
2 for this investigation was calculated and plotted with
respect to 1/T, with the linear part in the temperature range of 525 to 580 ◦C, as presented
in Fig. 11. In light of the approximate form of Eq. III.9 and the limitations discussed
previously, this linear relationship confirms the viscous flow to be the mechanism of sintering
of the Fe48Cr15Mo14Y2C15B6 metallic glass powder. The argument regarding constant γ, ηo
and Q is also valid and thus enables the estimation of the activation energy for viscous flow
over the above range of temperature. This was estimated from the slope according to Eq.
III.9 to be 94.0 ± 0.2 kJ mol−1. This order of magnitude of the activation energy is identical
to the one obtained by Liu et al., for viscous flow of Ti-based metallic glass powder during
SPS [1].
In order to examine the validity of the estimated activation energy for viscous flow, the
above results were compared with those pertaining to the nonisothermal shear viscosity of the
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Q = 94.0 + 0.2 kJmol
-1
Figure 11: Plot of parameter (∆L/Lo)/T
2, during SP sintering of Fe48Cr15Mo14Y2C15B6 metallic glass
powder, with 1/T in the temperature interval of 525 ◦C to 580 ◦C. The activation energy is estimated in this
temperature range to be 94.0 ± 0.2 kJ mol−1
Fe48Cr15Mo14Y2C15B6 bulk metallic glass as measured by Lu et al [118]. The relevant data
were plotted according to Eq. III.6, in the same range of temperature as in this investigation
and is presented in Fig. 12. The activation energy for viscous flow was estimated to be
298.0 ± 3.0 kJ mol−1 from the slope. It is to be noted that the above measurement of the
nonisothermal viscosity is based on the deflection of a beam machine from cast metallic glass
alloy ingots under the application of a vertical force and its own weight. In contrast, the
present analysis is carried out based on the viscous flow of powder particles. The latter
occurs due to the driving force of surface tension, due to the presence of the free surface
at the interparticle contacts. Viscous flow is easier in the present case, the estimated lower
activation energy being a manifestation of the same. Additionally, it has been observed
that an increase in the heating rate reduces the activation energy for viscous flow [1]. Thus
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Q = 298 + 3.0 kJmol
-1
Figure 12: Activation energy of viscous flow of Fe48Cr15Mo14Y2C15B6 metallic glass, estimated by three
point bending. Adapted from [1]
the higher heating rate of 25 ◦C min−1 as compared to 4 ◦C min−1, as employed in the above
work, has resulted in a lower activation energy.
5 Heating rate
5.1 Activation energy adaptation
In order to understand the inherent role of heating rate on the activation energy of
viscous flow and hence on the densification kinetics of Fe48Cr15Mo14Y2C15B6 metallic glass
powder, SPS was performed at heating rates of 50, 100 and 150 ◦C min−1. It can be observed
from Fig. 13 the powder compact underwent an initial contraction of 1.2 mm followed by
an additional 0.4 mm in two discrete stages of densification during SPS up to SI1000◦C at
each heating rate. Minute variations existed in the mass of powder poured into the die
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Figure 13: Contraction of Fe48Cr15Mo14Y2C15B6 metallic glass powder during SP sintering at heating rates
of 50 ◦C min−1, 100 ◦C min−1and 150 ◦C min−1
and consequently the values of ρo utilized for estimating ρ̇n during SPS at different heating
rates were 54, 59 and 60% at 50, 100 and 150 ◦C min−1 respectively. The instantaneous
densification rate was plotted according to Eq. III.4 with the time interval (tn+1 - tn-1) as
2 s, at different heating rates and the results are presented in Fig. 14. While a distinct
trend in the densification rate is evident upon a systematic increase in the heating rate
during Stage I, the same cannot be concluded from about Stage II. The characteristics of
the former, such as temperature of onset densification (Ts), peak densification rate (Tp) and
end of densification (Tf) occurred are observed to shift to lower values while there is a steady
increase in the peak densification rate (ρ̇p) as the heating rate increased. These observations
are summarized in Table 3.
The increase in densification rate during Stage I with the rate of heating rate was sub-
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Figure 14: Instantaneous densification rates in Fe48Cr15Mo14Y2C15B6 metallic glass powder during SP sin-
tering at heating rates of 50 ◦C min−1, 100 ◦C min−1and 150 ◦C min−1. Inset represents the X-ray diffraction
spectra of samples sintered at peak densification temperatures corresponding to different heating rates and
a representative temperature before onset of Stage II
Table 3: Characteristics of Stage I during SP sintering of Fe48Cr15Mo14Y2C15B6 metallic glass powder at
heating rates of 50 ◦C min−1, 100 ◦C min−1and 150 ◦C min−1
c Ts Tp Tf ρ̇p
(◦C min−1) (◦C) (◦C) (◦C) (s−1)
50 300 549 667 0.0029
100 221 484 641 0.0037
150 205 441 582 0.0057
jected to further investigation. The glass transition temperature, Tg of this alloy measured
at a heating rate of 20 ◦C min−1 is 575 ◦C [119] which is expected to increase at higher heating
rates as as investigated here [120, 3]. The maximum densification rate during SPS at 50. 100
and 150 ◦C min−1 was attained at 549, 484 and 441 ◦C respectively, all of which are below the
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Tg where the material remains in its glassy state. Indeed the X-ray diffraction analysis of the
samples sintered at these temperatures with respective heatnig rates exhibiteed a diffused
halo (inset, Fig. 14) characteristic of fully amorphous materials. Thus during SPS at each
heating rate, in the entire range from respective start to peak temperature in Stage I, the
samples is fully amorphous suggesting the occurrence of viscous flow. In contrast, during
SPS at 700 ◦C and above in Stage II at all heating rates, the samples are fully crystalline as
shown by one representative XRD spectrum (inset, Fig. 14). The parameter, (∆L/Lo)/T
2
plotted with respect to 1/T shows a linear behavior in the temperature ranges of 447 to 549,
345 to 484 and 323 to 441 ◦C at the heating rates of 50, 100 and 150 ◦C min−1 respectively
as shown. In view of the limitations of measurement noted previously and the approximate
form of Eq. III.9, this confirms the mechanism of mass transport to be viscous flow. The
activation energy for viscous flow is estimated from the slopes according to Eq. III.9, in
these temperature intervals, to be 76.2 ± 0.4 kJ mol−1, 64.0 ± 0.9 kJ mol−1 and 55.2 ± 1.0
kJ mol−1 at heating rates of 50, 100 and 150 ◦C min−1, respectively.
Although the Tg of a metallic glass alloy increases with heating rate, the viscosity
below the Tg reduced due to irreversible structural relaxation. This is quantitatively ex-
plained by the directional structural relaxation (DSR) model [121], where the the viscosity
of a metallic glass at a given temperature velow the Tg, is inversely proportional to the
heating rate [122]. Assuming ηo to be independent of the heating rate, the activation energy
evaluated at a given temperature should decrease logarithmically as the heating rates are
increased. Since the variation of activation energy over small intervals of temperature is neg-
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76.2 + 0.4 kJmol
-1
64.0 + 0.9 kJmol
-1
55.2 + 1.0 kJmol
-1
Figure 15: Plot of parameter (∆L/Lo)/T
2, during SP sintering of Fe48Cr15Mo14Y2C15B6 metallic glass
powder at different heating rates, with 1/T in the corresponding temperature intervals. The activation
energies are estimated in these temperature intervals to be 76.2 ± 0.4, 64.0 ± 0.9 and 55.2 ± 1.0 kJ mol−1
respectively
ligible, the gradual reduction in the activation energy for viscous flow with increasing heating
rate indicates considerable agreement with the DSR model. This inherent relationship be-
tween the activation energy for viscous flow and the employed heating rate is discussed in
the following section.
6 Directional structural relaxation
6.1 Unification of models
In order to investigate the observed reduction in activation energy for viscous flow
with increasing heating rates of isochronal SPS, the theoretical framework of the directional
structural relaxation (DSR) model was utilized. This model helps delineate the strong depen-
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dence of viscosity of amorphous alloys below their Tg on the heating rate. Such dependence
is a direct result of structural relaxation phenomena occurring in amorphous alloys. These
constitute a set of irreversible elementary atomic rearrangements that ensue at specific sites
or relaxation centers within the amorphous alloy. Hence the kinetics of this structural relax-
ation is determined by the volume density of relaxation centers operating at at a particular
temperature. Pertaining to the analysis relevant to the present investigation, the viscosity
of amorphous alloys below the tg is found to be inversely proportional to the heating rate
and this relationship is quantitatively expressed as [123]:
ln η = − ln c+B (III.10)
where η (Pa s) is the coefficient of viscosity, c (K s−1 is the constant rate of heating and B is
a parameter related to the energy of atomic rearrangements at the relaxation centers that is
governed solely by temperature.
Over a small range of temperature, the viscosity of an amorphous alloy can also
approximately described by the Arrhenius equation expressed as Eq. III.6. A comparison of
Eqs. III.10 and III.6 yields, upon rearrangement of th terms,
Q = −RT ln c+RT (B − ln ηo) (III.11)
The observed reduction in activation energy for viscous flow with the heating rate during
isochronal SPS of Fe48Cr15Mo14Y2C15B6 metallic glass powder is predicted by Eq. III.11.
In order to establish an explicit relationship, the variation in the activation energy
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with the heating rate must be investigated independent of or, in other words, at a constant
temperature. However, the temperature ranges where viscous flow could be analyzed at the
employed heating rates were distinct from one another. Nevertheless Eq. III.6 is based upon
the assumption that the fluctuation in Q over a limited interval of temperature is minimal.
Hence this permits extrapolation of the straight lines that were fitted to the shrinkage data
for estimation of activation energies. The results of this operation performed on the data
corresponding to 0.42 and 2.50 K s−1 (50 and 150 ◦C min−1) are presented in Fig. 16. This
operation leads to a specific temperature, about 773 K (500 ◦C), applicable to all heating rates
to be obtained. According to Eq. III.6 ηo is the value of η attained as T tends to infinity or,
in other words, the viscosity of the amorphous alloy at extremely high temperatures. This





where NA (6.023× 1023 mol−1) is the Avogadro’s constant and h (6.6263× 10−34 J s) is the
Planck constant, depends solely on the molar volume Vm (6.65× 10−6 m3) [125], a material
property of the Fe48Cr15Mo14Y2C15B6 metallic glass. This yields a value of 6.0× 10−5 Pa s,
agreeing well with that estimated by Na et al. [98] to be 5.9× 10−5 Pa s for the Fe48Cr15Mo14Y2C15B6
metallic glass employed in this investigation. Finally the parameter B, determined solely by
temperature as discussed earlier, is constant at the specific temperature. Hence rather than
monitoring B separately, the entire term RT(B - lnηo) could be obtained by examining the
variation of Q with c. Thus it can be concluded that at the aforesaid specific temperature,
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55.2 + 1.0 kJmol
-1
64.0 + 0.9 kJmol
-1
76.2 + 0.4 kJmol
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94.0 + 0.2 kJmol
-1
Figure 16: Extrapolation of parameter parameter (∆L/Lo)/T
2, during SP sintering of
Fe48Cr15Mo14Y2C15B6 metallic glass powder at different heating rates. The specific temperature of
analysis, applicable to all heating rates obtained to be 773 K is represented by a dashed line
the terms RT and RT(B - lnηo) in Eq. III.11 are constants.
6.2 Theoretical relationship
In light of this discussion, Q varies linearly with respect to lnc. However, in order
to visualize the actual values of c as opposed to observing their logarithm, the application
of this mathematical operator has been refrained from. Instead, the X-axis in the plot,
presented in Fig. 17, has been converted to log-scale (base2) while keeping c unaltered. The
result leads to the derivation of the following relationship:
Q = (−22.8± 0.4) ln c+ 73.7 (III.13)
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Figure 17: Activation energy of viscous flow in Fe48Cr15Mo14Y2C15B6 metallic glass powder as a function
of heating rate during SP sintering
The activation energy for viscous flow during isochronal SPS of Fe48Cr15Mo14Y2C15B6 metal-
lic glass powder below its Tg can thus be predicted at any heating rate.
In order to examine the general applicability of such a linear relationship, results
obtained by Liu et al. [126] on the activation energy of viscous flow during isochronal
SPS of Ti-based metallic glass powder of composition Ti40.6Zr9.4Cu37.5Ni9.4Al3.1 (at.%) were
subjected to an identical analysis. An increase in the heating rate from 0.33 through 1.33
too 2.33 K s−1 led to a continuous reduction in the activation energy from 83.1 through
68.9 to 57.5 (kJ mol−1). The specific constant temperature, applicable to all heating rates
obtained in this case was 606 K (333 ◦C), below the Tg, 631 K (358
◦C) of this metallic glass
alloy. At this temperature similar treatment, as above was carried out that resulted in the
establishment of the relationship as presented in Fig. 18:
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Q = (−12.6± 2.1) ln c+ 70.0 (III.14)
Eqs. III.13 and III.14 thus confirm the validity of a linear relationship to predict the activa-
tion energy for viscous flow of metallic glass powders during isochronal SPS below their Tg
[127].
6.3 Limitations
In implementing Eqs. III.13 and III.14, the following assumptions, made during
its deduction, must be considered. The foremost was the applicability of the Arrhenius
equation with constant Q in describing the viscosity of the metallic glass over small ranges of
temperature. Hence confirmation of a linear relationship between the shrinkage of the power
and 1/T leading to the estimation of a unique value of Q is fundamental to the validity of
the same. Likewise, the DSR model is valid below the Tg of the alloy, thereby restricting
the application of the obtained equations only to such temperatures. Moreover, it is not
bereft of a few, although comprehensible, limitations. For example, Eq. III.11 suggests that
a plot of Q with respect to lnc should exhibit a slope of -RT. However, the estimated slopes
in Eqs. III.13 and III.14 are considerably different from the values of the above parameter
at th corresponding temperatures of discussion. This disparity stems from the fact that
the Arrhenius and DSR models delineate the viscous flow as a function of temperature
alone. In contrast, during SPS the viscous flow driven by surface tension at the interparticle
contacts is governed by additional variables of which current is of key importance. The
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application of an electric field exhibited pronounced effects on mass transport processes such
as electromigration and interdiffusion [128]. The kinetics of these processes are dependent
on the properties of the material such as defect mobility and diffusivity. This explains
the fact that while Eqs. III.13 and III.14 both validate a linear relationship for predicting
the activation energy, they are characteristic to the composition of the metallic glass alloy.
Furthermore, Joule heating renders the isolation of the intrinsic effects of the pulsed direct
current from those of the resulting temperature even more convoluted. These effects may this
change the kinetics of sintering without modifying the mechanism therein. Indeed viscous
flow was manifested during both SPS and creep [118] of the Fe48Cr15Mo14Y2C15B6 metallic
glass. However, while the activation energy for the latter was estimated to be 298.0 ± 3.0
kJ mol−1 at a heating rate of 0.07 K s−1, the corresponding value predicted by the present
relationship (Eq. III.13) is lesser, 135.4 kJ mol−1. This emphasizes the effect of phenomena




In order to understand the effect of applied pressure on the densification of Fe -
based bulk amorphous alloy during spark plasma sintering, the increase in the fractional
density, ρ, of the compacts with temperature under 20, 30, 50 and 70 MPa was investigated.
With an increase in the applied pressure the thickness of the green compacts decreased
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Figure 18: Validation of the linear relationship between activation energy of viscous flow as a function of
heating rate in Ti40.6Zr9.4Cu37.5Ni9.4Al3.1 metallic glass powder during SP sintering
progressively and were measured to be 6.9, 6.6, 6.5 and 6.1 mm under 20, 30, 50 and 70
MPa, respectively. The corresponding values of ρo used for estimating ρ were 0.63, 0.65,
0.66 and 0.67. The estimated fractional densities are presented in Fig. 19. It can be clearly
observed that under all applied pressures the fractional density increased with temperature
during sintering. In general, with an increase in the applied pressure from 20 to 70 MPa
the fractional density attained higher values at the same temperature of sintering. Some
aberrations from this general trend were observed around 540 ◦C for 30 and 50 MPa, possibly
due to minute variations in the mass of powder that occurred during pouring into the die
for sintering as well as the resolution in the measurement of punch displacement. However,
the overall trend of an increase in fractional density with applied pressure was valid. Indeed,
under the highest applied pressure of 70 MPa in this study, the compact underwent the
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largest densification attaining the highest fractional density of almost 0.98 at the end of the
sintering cycle. On the other hand, the final fractional density attained by the compact
sintered under an applied pressure of 20 MPa was, in contrast, only 0.80.
7.2 Contact pressure
The enhancement of densification with the increase in applied pressure was further
investigated in order to identify its inherent effect. During pressure - assisted sintering there
exists a considerable difference between the macroscopic applied pressure and the micro-
scopic contact pressure at the individual interparticle contacts. In particular, during the
intermediate stages of sintering when the density of the compact is low, the adjacent par-
ticles just touch each other and the area of contact between them is extremely small as
compared to the size of the particles [129]. In these conditions, the applied pressure em-
ployed by the punches can be significantly intensified to a much higher local contact pressure
conveyed at these interparticle contacts. With the progress of sintering, the area of contact
between adjacent particles increases and the contact pressure decreases continuously as the
density of the compact approaches theoretical density [130]. Thus in order to understand
the amplification of the macroscopic applied pressure, the variation in the diameter of the
area of contact with the progress of sintering must be estimated first.
The relationship between the diameter of the area of interparticle contact and the
fractional density can be obtained according to Coble’s analysis of the evolution of struc-
tural geometry in a compact during sintering [131]. This is based on the model of packed
tetrakaidecahedra, that fills space most efficiently and hence is in excellent accord with the
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Figure 19: Fractional density of Fe48Cr15Mo14Y2C15B6 metallic glass powder compacts during SP sintering
at microscopic applied pressures of 20 MPa, 30 MPa, 50 MPa and 70 MPa. Green and final densities of
compacts increased with applied pressure
high densities observed in this investigation. An example of a particle with such a polyhedral
structure within the compact is presented in Fig. 20. In this model the tetrakaidecahedral
particles enclose, between them, cylindrical pores which are coaxial with and dispersed along
the polyhedron edges. The length of the edges are utilized to calculate the surface area and
volume of the polyhedra. These thereby yield the diameter of the area of contact Dc (µm).
The radius of the cylinders, along with their length, is employed to calculate the volume of
the pores. The two volumes, namely those of the pores and the polyhedra yield the fractional















where Dp (40 µm) is the diameter of the particle. Eq. III.15 is valid for high fractional
densities (ρ >0.74) and the following analysis is also focused in these density regimes. It is










where Pa (20, 30, 50 and 70 MPa) is the applied pressure. The estimated contact pressures
are presented in Fig. 21 as a function of the fractional density of the compacts under different
applied pressures from 20 to 70 MPa. It can be observed that when the density is low the
contact pressure is significantly higher than the applied pressure. Under all applied pressures,
the contact pressures are larger by almost two orders of magnitude. With the progress of
sintering, as the density of the compacts increased the contact pressure decreased rapidly
under all applied pressures. Additionally, the contact pressure increased with the applied
pressure as indicated by Eq. III.16.
7.3 Micro-viscous flow deformation
The occurrence of high compressive pressures, as observed in Fig. 21 at the local
microscopic interparticle contacts suggests the possibility of significant deformation of the
particles of the powder during the progress of sintering. Deformation of powder has been
observed to contribute to [134] and even dominate the densification of compacts during spark
plasma sintering [132]. This consideration is also in accord with the observed enhancement
of densification with the increase in applied pressure. This mandates the investigation of
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5 μm
Figure 20: Representative polyhedral particle of Fe48Cr15Mo14Y2C15B6 metallic glass powder during SP
sintering. Arrows represent flat facets




































Figure 21: Evolution of microscopic interparticle contact pressure during SP sintering of
Fe48Cr15Mo14Y2C15B6 metallic glass powder
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the effect of contact pressure on the compressive deformation of particles and its resulting
contribution to sintering. However, the present conditions do not conform to the conventional
compression of metallic materials at elevated temperatures carried out according to ASTM
E209 standard [135]. The powder particles employed in this study are mostly spherical with a
diameter of about 40 µm whereas samples designated in the ASTM standard are cylindrical
with a much larger diameter of about 25 mm. The system was also not maintained at a
constant elevated temperature. Hence estimation of deformation by conventional stress -
strain measurements are not applicable in the present case. On the other hand, viscous flow
deformation has been reported in single Fe - based metallic glass alloy particles [136, 137] in
contrast to dislocation mediated plastic deformation in metals. During sintering, the applied
pressure is conveyed to the spherical particles by its adjacent neighbors. The contact pressure
deforms the spheres to a configuration of a tetrakaidecahedron with flat facets [131, 138].
Thus all individual particles undergo viscous deformation between a number of pairs of flat
surfaces. This is analogous to the model of deformation of a single sphere between two flat
plates under compressive loading [139, 140], presented with the help of a schematic in Fig.
33. In the following paragraphs the viscous flow deformation of an individual sphere of Fe
- based glassy alloy under compressive loading between two flat facets is estimated as a
representative of all the particles in the bulk amorphous alloy compact.
The viscous deformation of a single sphere between two flat plates under compressive








where dh (µm) is half the incremental displacement of one plate with respect to another and
dt (s) is the time. dh/dt (µm s−1) is thus referred to as the compressive speed. F (N) is
the compressive load and η (Pa s) is the viscosity of the Fe48Cr15Mo14Y2C15B6 metallic glass
powder during pressure - assisted SPS. The compressive force, F can be expressed in terms
of the contact pressure, Pc and the diameter of the area of contact, Dc as:



















The relationship between temperature and time in the present constant heating rate exper-




where T (K) is the temperature and c (0.417 K s−1) is the constant rate of heating. Replace-























Figure 22: Schematic representing analogy between (a) SPS, (b) deformation between adjacent particles
and (c) deformation of a single sphere between two flat plates during compressive loading
It is noteworthy, that in Eq. III.21 all the parameters within the parenthesis are constant
in a particular experiment while those outside vary with T. The variation of the viscosity, η
with temperature during pressure - assisted SPS can be estimated as [130]:
η =






and is utilized for estimating dh/dt. This is further integrated to obtain ∆h (µm), the total
viscous flow deformation of an individual particle during the sintering cycle.
7.4 Theoretically calculated density
The total deformation, ∆h is plotted with respect to temperature under different
pressures from 20 to 70 MPa and the results are presented in Fig. 23. It clearly exhibits
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Figure 23: Total viscous flow deformation of an individual representative sphere of Fe48Cr15Mo14Y2C15B6
metallic glass powder during SP sintering at different macroscopic applied pressures
the inherent effect of pressure and its resulting contribution to the spark plasma sintering
of Fe - based bulk amorphous alloy. An increase in applied pressure from 20 to 70 MPa
brought about an increase in compressive viscous flow deformation of the particles of the
powder from 1.3 to 18.3 µm. The particles that underwent higher deformation thereby filled
space or pores in the compact more efficiently during the progress of sintering. This led to
enhanced densification with the observed highest density being attained under the largest
applied pressure.
The total deformation, ∆h was utilized to theoretically calculate the fractional den-
sity, ρtheo, of the compacts and compare them with ρ, the experimentally observed ones.
In accordance with the high densities observed in this investigation, the compacts were as-
sumed to constitute of a number of layers of close - packed spheres stacked upon one another.
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The number of layers, n can be obtained from the simple relationship depicting the vertical








The number of layers times the deformation of an individual particle yields the reduction in
height of the compact which leads to the estimation of ρtheo. The results are presented in
Fig. 24 which are in clear agreement with the observed trend of increase in fractional density
with applied pressure. Hence the present model is suitable to analyze the contribution of
viscous flow deformation to the densification of amorphous alloy powder during pressure -
assisted SPS.
7.5 Limitations
Certain limitations of the same must also be considered. A comparison of Figs. 19 and
24 shows that the theoretical calculations result in an underestimation of the experimentally
observed fractional density attained under a pressure of 20 MPa. This is possibly due to
the fact that the present analysis only accounts for the particle deformation as means of
densification of the compact which initiates at around 535 ◦C while completely ignoring
surface tension driven mass flow at the interparticle contacts occurring at lower temperatures.
On the other hand, there is a considerable overestimation under a pressure of 70 MPa, since,
according to this model, the deformation of particles can progress unrestricted with an
increase in applied pressure. For example, under this pressure, the calculated value of ∆h
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Figure 24: Theoretically calculated fractional densities of Fe48Cr15Mo14Y2C15B6 metallic glass powder
compacts during SP sintering at different applied macroscopic pressures
(16 µm) is expected to yield almost flattened particles, the occurrence of which was not
detected. From this, it can be inferred that above a certain pressure the densely packed
particles that fill up space and the die walls significantly impede continued deformation
resulting in lesser densification than theoretically calculated. Thus a further analysis of the
relative contributions of surface tension driven mass flow and pressure controlled viscous
flow deformation towards consolidation of amorphous alloy powder during SPS is necessary
to accurately predict fractional densities finally attained in the process.
In spite of these limitations, the novelty of the present analysis resides in the quan-
tification of the effect of pressure on densification of amorphous alloy powder during SPS.
In fact, the employed heating rate is reasonably low that justifies the broader applicability
of this model to a wide range of powder consolidation techniques beyond SPS where high
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densities (>0.74) are achieved. Yet, the dominant manifestation of the effect of pressure
in achieving such high densities due to internal Joule heating mechanism, characteristic to
SPS, cannot be overlooked.
8 Summary
To summarize, the dominant mechanism of densification in metallic glass powder
is viscous flow. The kinetics of densification increases due to heating rate as a result of
reduction of activation energy while the increase due to applied pressure is due to increase





This chapter focuses on the morphology and structure of oxide growing on metallic
glass powder. A combination of ex-situ and in-situ characterization techniques are inte-
grated to predict the kinetics of isothermal oxidation in this powder. This is compared with
experimental techqniues to establish the mechanism.
2 Powder morphology and structure
The morphology of the pristine Fe48Cr15Mo14Y2C15B6 metallic glass powder consists
of particles of various shapes with the majority of them being spherical. The sizes of the
particles were measured from several such SEM micrographs. More than 90% of the particles
exhibit a diameter ranging from 20 µm to 60 µm with the mean diameter, D being 40 µm
The contents of this chapter are reproduced, with permission, from
1. T. Paul et al., Scientific Reports, accepted (2018)
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[141].
This chapter is aimed at investigating the oxidation behavior of this metallic glass
powder within the supercooled liquid region of the material, without the occurrence of crys-
tallization. Thus, in order to determine the temperatures of isothermal time dependent oxi-
dation experiments, the thermal behavior of the material was examined first. The isochronal
DSC trace of the metallic glass powder, measured at a heating rate of 50 ◦C min−1, is pre-
sented in Fig. 25(a). It can be observed to exhibit a glass transition temperature Tg of about
570 ◦C and a crystallization onset temperature Tx of about 660
◦C at this heating rate. Based
on this thermogram, the temperatures of isothermal oxidation were determined to be 580 ◦C
and 650 ◦C, completely within the glass transition and onset crystallization temperatures.
Two more isochronal annealing experiments were conducted at the same heating rate, with
the powder being heated up to 580 ◦C and 650 ◦C. The XRD spectra acquired from the
powder in both pristine and annealed conditions are presented in Fig. 25(b). The absence
of crystallization in all of these conditions is confirmed by the diffused peak in each spectra,
characteristic of fully amorphous materials.
3 Oxide chemistry
The iron-rich section of the iron-oxygen phase diagram [2] is presented in Fig. 26.
The temperatures of isothermal oxidation experiments employed in this investigation, 580 ◦C
and 650 ◦C, are identified by red lines. At these temperatures, the oxides that are thermo-
dynamically stable are FeO, Fe2O3 and Fe3O4. It is thus expected that the oxidation of
this metallic glass powder would yield oxides among the aforementioned ones. The surface
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Figure 25: (a) Isochronal DSC trace of Fe48Cr15Mo14Y2C15B6 metallic glass powder measured at
50 ◦C min−1. The glass transition and onset crystallization temperatures are 570 ◦C and 660 ◦C respec-
tively. (b) XRD spectra of powder in pristine condition and annealed up to 580 ◦C and 650 ◦C confirms the
amorphous structure
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Figure 26: Section of iron-oxygen phase diagram (adapted from [2]). Growth of oxides is consistent with
temperatures of isothermal oxidation, represented by red lines
of the pristine and oxidized metallic glass powder particles was examined by Raman spec-
troscopy. Spectra were acquired from multiple spots on individual particles among which,
one, representative of the entire powder, is presented for each sample in Fig. 27. No Raman
features are observed in the spectrum acquired from the pristine powder. This confirms that
the surface of the pristine metallic glass powder is clean, devoid of any detectable oxides or
other compounds on the metal surface. The spectra acquired from the surface of the powder
oxidized at 580 ◦C and 650 ◦C for 120 min, each exhibit peaks that have been identified by
their frequencies. The peaks at 226, 241, 295, 409, 501, 613 and 1317 cm−1 all correspond
to Fe2O3 oxide [142, 143]. Only the peak at 663 cm
−1 is assigned to Fe3O4 oxide [144]. A
low intensity peak at 804 cm−1 is observed only for the sample oxidized at 650 ◦C for 120 min
which is attributed to the formation of B2O3. This observation agrees with the literature that
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Figure 27: Representative Raman spectra acquired from surface of pristine and oxidized metallic glass
powder particles. Surface of pristine powder particles is clean, devoid of detectable oxides. Oxidation at
580 ◦C and 650 ◦C results primarily in formation of Fe2O3 which grows as a uniform shell over the surface
of the particles
boron is oxidized at a temperature higher than 600 ◦C [145]. B2O3 has also been observed
upon oxidation of Fe-based metallic glasses containing boron [78, 77, 146, 147]. Thus it can
be concluded that the oxide phases grow as a shell over the entire surface of the metallic
glass powder particles. This is reasonable as the powder possesses a homogeneous amor-
phous structure and all sites on the surface are equally preferred for the growth of oxides.
Additionally, according to the Raman spectra (Fig. 27), the major constituent of the oxide
shell is Fe2O3.
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Raman spectra acquired from the surface of the metallic glass powder isothermally
oxidized for systematically increasing duration of time at 580 ◦C for 120, 240, 360, 480, 600
and 720 min and at 650 ◦C for 60, 120, 180, 240 and 300 min are presented in Fig. 28. The
oxides are consistently observed to grow during the entire duration of isothermal oxidation
at both temperatures. No noticeable peak shift is detected which suggests the uniformity of
oxide growth with time, over the entire surface of the metallic glass powder particles.
With increasing time of isothermal oxidation, the volume of oxide shell growing on the
surface of the powder is expected to increase, thereby resulting in an increase in intensity
of the characteristic peaks in the Raman spectra. However, as presented in Fig. 28, the
trend in intensity of the peaks are observed to be irregular at both temperatures. This
irregularity in intensity of the peaks can possibly be an outcome of optical interference
caused by multiple reflections of the incident laser in the oxide shell. The constructive or
destructive interference, based on the thickness of the oxide shell regulates the intensity of
the Raman-scattered radiation emitted to the far field. Indeed, oscillation of the intensities
of the peaks in the Raman spectrum with thickness of oxide has been reported previously
[148, 149]. Variation in the particle color was also observed, that is suggestive of the same.
Heating of sample due to interaction with laser is frequently encountered in Raman
spectroscopy [150]. It may result in artifacts, such as oxidation of sample and temperature-
induced peak shifts. In the present investigation, the absence of Raman peaks in the spec-
trum acquired from the surface of the pristine metallic glass powder particles suggests that
no oxides are formed during excitation where the laser power is optimized to 3 mW for high-
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Figure 28: Raman spectra acquired from the surface of the metallic glass powder isothermally oxidized
at (a) 580 ◦C for 720 min and (b) 650 ◦C for 300 min. Oxide grows as a uniform shell consistently over the
surface of the powder particles. Irregularity in intensity of peaks with increasing time of isothermal oxidation
is a possible outcome of optical interference due to multiple reflections of incident laser in oxide shell
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est signal counts without artifacts. On the other hand, oxidation of the powder was clearly
observed when the laser power was increased to 4 mW (not shown here). Hence the presence
of laser heating during the acquisition of Raman spectra was anticipated, although it was
not high enough to drive oxidation. To this end, the laser-induced rise in temperature of the
sample was estimated from the anti-Stokes-to-Stokes intensity ratio, IaS/IS, which is approx-
imately the Boltzmann factor [151, 152]. Fig. 29 presents the Raman spectrum acquired
from the surface of the powder oxidized at 580 ◦C for 720 min with an incident laser power
of 3 mW. The most intense anti-Stokes peak, being at −409 cm−1, was used for calculation
of temperature. IaS/IS is found to be 0.342 after background subtraction (inset, Fig. 29).
Hence, the temperature is estimated to be 278 ◦C, which is too low to induce oxidation.
Similarly, the temperature is estimated to be 152 ◦C for an incident laser power of 1 mW
where the corresponding Raman mode was observed at 410.5 cm−1. Accordingly, by linear
extrapolation, the peak is estimated to be at 412 cm−1 at room temperature. Therefore, the
acquisitions of Raman spectra in this investigation were not subject to significant spectral
shifts due to laser heating and the assignments of the peaks are thus accurate.
4 Oxide structure
In order to further analyze the oxidation behavior of the metallic glass powder par-
ticles, the structure of the oxides was investigated by X-ray diffraction. The XRD spectra
acquired from the metallic glass powder isothermally oxidized at 580 ◦C for 720 min and at
650 ◦C for 300 min are presented in Fig. 47. In addition to the diffused peak as in the pristine
powder, these spectra exhibit sharper peaks, superimposed on the amorphous background.
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Figure 29: Estimation of laser-induced rise in temperature of sample from anti-Stokes-to-Stokes intensity
ratio of peak at 409 cm−1 in Raman spectrum acquired from surface of powder oxidized at 580 ◦C for 720 min.
Inset represents same spectrum after background subtraction. Temperature rise with incident laser power
of 3 mW is computed to be 278 ◦C, too low to induce oxidation
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These peaks are identified to be Fe2O3 and Fe3O4 oxides. No peaks corresponding to B2O3
were observed in the XRD spectra owing to the minor amount formed as exhibited by the Ra-
man spectra. The XRD spectra thus confirm the results obtained from Raman spectroscopy.
During isothermal oxidation at the lower temperature of 580 ◦C for shorter duration of time
up to 240 min the volume of the oxide shell is possibly too low to be detectable in the XRD
spectra. This is also observed during isothermal oxidation at 650 ◦C for the shortest dura-
tion of time of 60 min. With an increase in duration of time of isothermal oxidation at both
temperatures, the intensity of the characteristic peaks gradually increase, that suggests an
increase in the volume of the oxide shell growing on the surface of the powder.
Hence from the Raman and XRD spectra it can be concluded that the growth of
oxides on the surface of the metallic glass powder has a hierarchical structure. First, the
growth occurs as a shell over the entire surface of the powder. Second, this oxide shell
is polycrystalline, or in other words, constitutes of multiple oxide grains. However, both
Raman and XRD spectra are incapable of providing quantitative information on the trend
in volume of oxides formed as a function of time during isothermal oxidation.
5 USAXS interpretation of hierarchical oxide structure
In order to enumerate the isothermal evolution of oxide in this metallic glass powder,
in-situ ultra-small angle X-ray scattering (USAXS) was employed. The number of particles
subjected to exposure in the beam is of the order of thousand and hence is representative of
the entire sample of powder. The USAXS intensity, I(Q) acquired from the pristine metallic















































































Figure 30: XRD spectra acquired from metallic glass powder isothermally oxidized at (a) 580 ◦C for 720 min




is presented in a log-log plot in Fig. 31. This powder consists of non-interacting,
mostly spherical particles with an average diameter, D of about 40 µm which yields D-1 of
0.000 002 5 Å
−1
. In accord with the expected Q-dependence for a dilute solution of identical
uniform spheres at Q  D-1, the scattering intensity can be observed to decay following a
power-law as Q-4 [153]. This confirms that the powder consists of particles with a smooth
surface devoid of any structural features as shown by the Raman and XRD spectra. Over
the Q-range above 0.1 Å
−1
, a constant, low-intensity background arising from the detector
and environment is observed, which is independent of Q and not related to the morphology
and structure of the powder particles and the oxides formed on their surface.
The evolution of oxides during in-situ isothermal time dependent experiments is man-
ifested by the USAXS intensity distributions acquired at 580 ◦C for 720 min and 650 ◦C for
300 min as presented in Fig. 32. The intensities are calibrated on relative scale as the moti-
vation of the present investigation is to enumerate the average volume of oxide shell formed
on the particles [154]. Based on the intensity, I(Q) measured as a function of the scattering
vector, Q, the characteristics of scattering, corresponding interpretation as representative of
the hierarchical structure of the oxide over decreasing length scales and their evolution with
increase in time during isothermal oxidation are discussed across four discrete Q-ranges as
follows.




, scattering results from the
oxidized particles. The average diameter of the particles, 40 µm is at a length scale larger
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Figure 31: Log-log plot of USAXS intensity, I(Q) acquired from the pristine metallic glass powder at ambient




. Scattering intensity decays following
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Figure 32: USAXS intensity distributions acquired in-situ from powder during isothermal oxidation at
(a) 580 ◦C for 720 min and (b) 650 ◦C for 300 min. Duration between two consecutive measurements is
approximately 3 min
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increase in time of in-situ isothermal experiments, the size of the particles themselves do not
change appreciably, as evidenced by the intensity distributions at both temperatures. As a
result, I(Q) continues to decay following the power-law as Q-4, identical to that presented
for the particles at room temperature (Fig. 31).




, scattering results from the
Fe2O3 oxide that grows as a uniform shell over the entire surface of the metallic glass pow-
der particles. The length scale of the oxide shell can be estimated from this Q-range to be
approximately between few tens to few hundreds of nanometres. As a result, the oxidized
metallic glass powder exhibits a core-shell structure with the powder particle behaving as the
core and the oxide behaving as the shell. A form factor is produced due to the difference in
X-ray scattering contrasts of the core and the shell. In such a form factor the characteristic
Fourier-Bessel oscillations [155], as observed in the intensity distributions, convey quantita-
tive information on the thickness of the oxide shell. During in-situ isothermal oxidation at
both temperatures, with increase in time these oscillations shift towards lower Q, suggesting
a corresponding increase in thickness of the oxide shell.




, scattering occurs due to the multiple
grains in the polycrystalline oxide shell. The length scale of the oxide grains can be computed
from this Q-range to be approximately between few to few tens of nanometres. The intensity
distributions in this Q-range exhibit the well-recognized Guinier ‘knee’ that is characteristic
of the radius of gyration of the grains [156] followed by the Porod power-law slope. With
increase in time during isothermal oxidation, small nuclei of oxides are formed while pre-
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existing grains grow into larger ones. Thus the evolution of sizes of the grains has an irregular
trend and consequently the variation in intensity distribution is less conspicuous.




, a constant background scattering is
manifested. This originates from the instrument and environment, without any dependence
on Q. This is confirmed by the fact that the measured intensities are significantly lower at
this Q-range and does not evolve with time of isothermal oxidation at both temperatures.
In summary, the evolution of the hierarchical structure of the metallic glass powder
with time during isothermal oxidation at both 580 ◦C and 650 ◦C across decreasing length
scales is based on a powder core over which an oxide grows as a uniform shell which further
consists of multiple grains. This hierarchical structure is utilized to construct a physical
model under the aegis of which the fitting of parameters enables the quantitative analysis of
oxidation in this material as described in the following section.
6 USAXS quantitative modelling
The physical model representing the hierarchical structure is depicted by a schematic
in Fig. 33. At large length scale (small Q), scattering is representative of the ensemble of
a large number of non-interacting oxidized particles (Fig. 33a). With further decrease in
length scale (medium Q) individual oxidized particles with distinct powder core and oxide
shell can be distinguished (Fig. 33b). A section is made to clarify the internal structure. At
small length scale (large Q), the scatterers are the multiple grains in the oxide shell (Fig.
33c).
In order to achieve consistency with the physical characteristics three components are
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Figure 33: Schematic physical model representing hierarchical structure over decreasing length scales used
for USAXS quantitative modelling. It consists of cross sections of (a) ensemble of non-interacting oxidized
particles, (b) individual particles with powder core and oxide shell, and (c) multiple grains within the oxide
shell
utilized to construct the scattering model. In the first component, the mean diameter was
fixed at 40 µm. The standard deviation was obtained from fitting the scattering intensity
acquired from the pristine powder at room temperature. This was kept constant thereafter.
The X-ray scattering length densities of the Fe48Cr15Mo14Y2C15B6 core and Fe2O3 shell
were computed to be 60.24× 1010 cm−2 and 42.32× 1010 cm−2 respectively while that of
air as solvent was kept zero. It is to be noted here that while the major constituent of
the oxide shell is Fe2O3, both Raman and XRD spectra detected the presence of Fe3O4 as
well. However, the X-ray scattering length density of Fe3O4, 41.68× 1010 cm−2, is almost
equal to that of Fe2O3. Hence, in relevance to USAXS, these oxides are similar and thus
the thickness estimated from the intensity distributions are also accurate. In the second
component, the Porod power-law slope was fixed at -4 and the radius of gyration was fitted.
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The third component accounted for the background which was set to a constant value at
the beginning of the fitting routine. Fig. 50 presents the result of a representative fitting
routine performed on the USAXS intensity acquired from the metallic glass powder oxidized
at 650 ◦C for 300 min. The model can be observed to be in good agreement with the measured
USAXS intensity. The small misfit results from the fact that the present model is utilized
to estimate a single value of the thickness of the oxide shell growing over all the particles.
In practice, however, in a distribution of diameters of the powder cores with a mean and
standard deviation, the thickness of the oxide shell is not constant and is dependent on
the diameter of the individual particles. Thus, although the model underestimates the
thickness of the oxide shell and hence the USAXS intensity near the Q-range of the misfit,
the overall concurrence yields a good estimate of the oxide shell thickness. This fitting
routine is employed to all the USAXS intensity distributions measured during isothermal
oxidation at 580 ◦C for 720 min and 650 ◦C for 300 min. The evolution of thickness of the
oxide shell over time during isothermal oxidation is presented in Fig. 35. It is observed that
at both temperatures the increase in oxide shell thickness is rapid at the initial stage and
gradually slows down.
7 Quantitative validation of oxide evolution
In order to examine the accuracy of the quantitative analysis by USAXS, the gain in
mass of the powder due to isothermal oxidation, per unit mass of powder was theoretically
estimated. Three assumptions were made for this theoretical computation. First, all the
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Figure 34: Illustration of representative fitting routine performed on the USAXS intensity acquired from
the powder oxidized at 650 ◦C for 300 min utilizing the three components of the scattering model, the oxide
shell, grains in the shell and a constant background. Small misfit results from the distribution in the diameter
of the particles and hence of the thickness of the oxide shell
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Figure 35: Evolution of thickness of oxide shell over time estimated from USAXS intensity distributions
acquired in-situ during isothermal oxidation of powder at 580 ◦C for 720 min and 650 min
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eter equal to 40 µm. Second, oxidation of the particles result in the formation of only one
oxide, Fe2O3. Third, the thickness of oxide formed on each particle is equal. Based on these
assumptions, the initial mass of a single powder particle was calculated from its diameter
and density (7500 kg m−3) [51]. The mass of oxide was calculated from its thickness and
density (5240 kg m−3). The percentage gain in mass was estimated by dividing the mass of
oxide formed on a single particle by the mass of that particle. The results from this theo-
retical estimation was compared with the gain in mass measured in-situ during isothermal
oxidation by a thermogravimetric analyzer. This is presented in Fig. 36 for the temperatures
580 ◦C and 650 ◦C. It is observed that the theoretically estimated gain in mass continuously
underestimates that actually measured in practice. This can be explained on the basis of the
assumptions and the mechanism of oxidation. The isothermal oxidation investigated here is
controlled by diffusion at the surface with the rate being dependent on the surface area of
the powder particles. For a given volume, the surface area is least for a sphere. This theo-
retical calculation performed assuming all particles hence estimates a lower gain in mass. In
practice, non-spherical particles oxidize to yield a higher gain in mass that is measured by
the thermogravimetric analyzer as observed in Fig. 36.
8 Summary
In summary, upon oxidation, iron-based metallic glass powder grows a layer of Fe2O3
which is crystalline. USAXS estimation comparatively underestimates the experimentally
measured kinetics of isothermal oxidation due to the variation of particle size.
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Figure 36: Comparison of the theoretically estimated gain in mass with that measured in practice during
isothermal oxidation of powder at (a) 580 ◦C for 720 min and (b) 650 ◦C for 300 min. In practice, non-spherical





This chapter focuses on the mechanism and kinetics of crystallization in this iron-
based metallic glass powder. The crystalline phases resulting from thermal transformations
are identified along with their kinetics of evolution upon isochronal annealing.
2 Nanocrystallization in Fe48Cr15Mo14Y2C15B6 metallic glass
Transmission electron microscope images of Fe48Cr15Mo14Y2C15B6 metallic glass pow-
der sintered at 630 ◦C is presented in Fig. 37. The regions of darker contrast suggest that
the nanocrystals are distributed throughout the sintered sample. In order to obtain a more
clarified micrograph of a single nanocrystal, the TEM image was acquired at higher mag-
The contents of this chapter are written based on results published in
1. T. Paul et al., Journal of Alloys and Compounds 753 (2018) 679 - 687
2. T. Paul et al., Advanced Engineering Materials 19 (2017) 1700224
3. T. Paul et al., Journal of Alloys and Compounds, submitted (2019)
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Figure 37: Representative transmission electron micrographs of Fe48Cr15Mo14Y2C15B6 metallic glass pow-
der SP sintered at 630 ◦C. Regions of darker contrast shows that nanocrystals are distributed throughout
the sample
nification for a nanocrystal evolved in sample sintered at a higher temperature of 800 ◦C
as presented in Fig. 38. It can be observed that the volume fraction and size distribution
of the crystals are dependent on the temperature of sintering. In order to understand the
effect to processing parameters on the crystallization of sintered compacts, it is necessary to
understand the mechanism of crystallization in pristine Fe48Cr15Mo14Y2C15B6 metallic glass
powder.
3 Crystallization in pristine Fe48Cr15Mo14Y2C15B6 metallic glass powder
3.1 Thermal analysis
The isochronal DSC traces of the Fe-based amorphous alloy measured at the heating
rates, c, of 0.17, 0.33, 0.50 and 0.67 K s−1 are presented in Fig. 39. The exothermic heat
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Figure 38: Representative transmission electron micrograph of Fe48Cr15Mo14Y2C15B6 metallic glass powder
SP sintered at 800 ◦C
flow below 900 K is associated with structural relaxation and glass transition widely observed
in Fe-based amorphous alloys including the one employed in this study [157, 112]. This,
however, is beyond the scope of the present investigation on the isochronal crystallization
behavior and is not discussed. The crystallization process can be observed to extend over
a temperature range of about 200 K. Additionally, with an increase in heating rate, the
onset of crystallization shifts progressively to higher temperatures. The increase in the onset
crystallization temperature, To (K) identified in the present work, are consistent with those
reported at various heating rates as presented in Table 4.
The crystallization process in this amorphous alloy can be observed to comprise of
multiple exothermic transformations at all heating rates (Fig. 39). The overlapping exother-
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Figure 39: Isochronal differential scanning calorimetric traces of Fe48Cr15Mo14Y2C15B6 metallic glass
powder at different heating rates
mic peaks indicate that a crystalline transformation initiated before the conclusion of the
preceding one. The peaks also exhibited a strong kinetic effect as evidenced by the contin-
uous escalation of heat flow with increasing heating rate from 0.17 to 0.67 K s−1, thereby
justifying the analysis of the thermal characteristics of the constituent peaks. However,
the observed overlap significantly impedes the identification of the characteristic tempera-
tures of the exothermic transformations. In order to circumvent this problem, deconvolution
was performed to distinctly separate the overlapping peaks. It has been reported [158] that
Gaussian regression is the appropriate method of deconvolution of overlapping peaks in DSC
traces of amorphous alloys and was thus applied to study the individual transformations in
the present study.
The deconvolution of the DSC traces at all heating rates is presented in Fig. 40 which
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Table 4: Onset crystallization temperature of Fe48Cr15Mo14Y2C15B6 metallic glass at different heating
rates














exhibits an excellent agreement between the measured heat flow and the fitted curves. The
overall crystallization process can be observed to comprise of 4 distinct exothermic transfor-
mations which are henceforth designated as Exo 1, Exo 2, Exo 3 and Exo 4. This enables
a convenient identification of the characteristic peak crystallization temperature, Tp (K) of
the transformations at the employed heating rates and the results are presented in Table 5.
Subsequent to deconvolution it was observed that the enthalpy of the exothermic transfor-
mations varied with the heating rate. In particular, the enthalpy of Exo 4 at 0.17 K s−1 was
extremely low so as to be indistinguishable as compared to the others and the corresponding
Tp is thus not reported here. Due to the possibility of error in estimation of parameters
resulting from absence of data points, Exo 4 was not conducive for further analysis and is
not discussed hereafter. The progressive increment in Tp for Exo 1, Exo 2 and Exo 3 with
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Figure 40: Deconvolution of overlapping peaks in isochronal differential scanning calorimetric traces
of Fe48Cr15Mo14Y2C15B6 metallic glass powder at (a) 0.17 K s
−1, (b) 0.33 K s−1, (c) 0.50 K s−1 and (d)
0.67 K s−1
increasing heating rate, as observed in Table 5, confirms the kinetic effect noted earlier and
was investigated by an estimation of the activation energy of crystallization.
3.2 Kinetics of crystallization
The kinetic effect was analyzed following an estimation of the apparent activation
energy of crystallization, Ep (J mol
−1) according to the Kissinger equation, expressed as
[162, 163]:
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Table 5: Peak crystallization temperatures of Fe48Cr15Mo14Y2C15B6 metallic glass at different heating
rates (values in parenthesis indicate indetermination from the utilization of Gaussian function)
c (K s−1) Tp (K)
Exo 1 Exo 2 Exo 3 Exo 4
0.17 925.72(8.57) 956.29(1.65) 1015.64(0.26) -
0.33 938.82(8.57) 965.88(1.48) 1022.28(5.00) 1066.39(5.11)
0.50 947.05(5.63) 974.38(1.23) 1029.72(5.98) 1081.54(5.18)










where R (8.314 J K−1 mol−1) is the universal gas constant. The parameter ln(T 2p /c) plotted
with respect to 1/Tp exhibits a linear relationship as presented in Fig. 41. The apparent ac-
tivation energy of crystallization Ep1, Ep2 and Ep3 were estimated from the slopes according
to Eq. V.1 to be 369 ± 14, 437 ± 23 and 406 ± 101 kJ mol−1, respectively. Thus among
these three transformations the energy barrier is lowest for Exo 1 while it is highest for Exo
2, or in other words, the occurrence of Exo 1 crystallization is easiest while that of Exo 2
is the most difficult. In order to extend this qualitative analysis to a fundamental quantita-
tive understanding of the mechanism of crystallization, the crystallized fraction during the
transformations were studied as described in the following sections.
123






































 = 369 + 14 kJmol
-1
Figure 41: Kissinger plots for calculation of activation energy of crystallization in Fe48Cr15Mo14Y2C15B6
metallic glass powder
3.3 Crystallized fraction
The thermal evolution of the crystallized fraction, α(T) was estimated from the de-
convoluted isochronal DSC traces for each of Exo 1, Exo 2 and Exo 3 at all the heating rates











where T∞ (K) is the end crystallization temperature, dH/dT (J K
−1) is the heat capacity
at constant pressure. AT and A are the areas under the isochronal DSC traces between To
and T and between To and T∞ respectively. The results are presented in Fig. 42 where
all the plots exhibit a sigmoidal (S-shaped) response upon increase in temperature at all
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heating rates. The sigmoidal pattern indicates that the crystallization in this amorphous
alloy occurs through the process of nucleation and growth which can be approximately
divided into 3 overlapping stages [165]. The first one is dominated by the formation of nuclei
throughout the alloy while the rate of transformation remains low as observed for 0 < α <
0.1. In the following stage, the reduction in volume free energy due to the formation of stable
crystallites dominates the increase in surface free energy due to the interfaces created between
the crystallites and the amorphous matrix. The formation of stable crystallites alters the
composition of the residual amorphous matrix resulting in the formation of concentration
gradients thereby reducing its stability. This leads to subsequent non-random nucleation
and preferential crystallization near existing ones [104] culminating in a steady increase in
the crystallized fraction for 0.1 < α < 0.9. In the final stage, interaction between multiple
concentration gradients, designated as soft impingement [166], results in the reduction and
eventual cessation of crystallization as observed for 0.9 < α < 1.0.
3.4 Mechanism of crystallization
In order to understand the continuous variation in the rate of crystallization through-
out the process, observed in Fig. 42, the nucleation and growth mechanism was analyzed
following the estimation of the local Avrami exponent, n(α) under the theoretical framework
of the Johnson-Mehl-Avrami-Kolmogorov (JMAK) model.
In isothermal annealing experiments, the crystallization kinetics of amorphous alloys
can be expressed by the JMAK equation as [167, 168]:
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Figure 42: Thermal evolution of crystallized fraction of (a) Exo 1, (b) Exo 2 and (c) Exo 3 in
Fe48Cr15Mo14Y2C15B6 metallic glass powder at different heating rates
α(t) = 1− exp[−{k(t− τ)}n] (V.3)
where k (s−1) is a kinetic coefficient which is a function of temperature, t (s) is the time and
τ (s) is the incubation time. With a constant value of k under isothermal conditions, the
JMAK equation can be rescripted as:
ln[− ln(1− α)] = n ln(t− τ) + constant (V.4)
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to deduce n(α) by differentiation as:
n(α) =
d ln[− ln(1− α)]
d ln(t− τ)
(V.5)
A generalization of the JMAK equation, applicable to non-isothermal transforma-
tions, can be expressed as [169, 170]:








under the isokinetic approximation whereby it is assumed that the transformation is inde-
pendent of the thermal history of the alloy. It is noted here that for isothermal annealing
experiments Eq. V.6 reduces to the JMAK equation since k(T) is a constant. For isochronal
transformations, as in the present investigation, the relationship between temperature and




and utilized to modify Eq. V.6 as [170]:











A new kinetic coefficient, k′(T) (s−1), defined as a function of temperature as [163]:
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−1) is the constant frequency factor, is used to replace k(T) following [170]:
∫ T
To
k(T )dT = k′(T − T o) (V.10)
Eq. V.8 thus reduces to [168]:






(T − T o)
}n]
(V.11)
A solution of Eqs. V.8, V.9 and V.11 together can be used to deduce n(α) for a non-














The plots of ln[-ln(1-α)] with respect to ln[(T - To)/c] are presented in Fig. 43. The slopes
of the plots indicate that the nucleation and growth behavior varies gradually during the
crystallization process.
3.5 Nucleation and growth
The variation in the nucleation and growth behavior is represented by the local
Avrami exponent, n which is related to a, the nucleation index, b, the dimensionality of
growth and p, the growth index as [4, 5]:
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Figure 43: Plots of ln[-ln(1-α)] versus ln[(T - To)/c] of (a) Exo 1, (b) Exo 2 and (c) Exo 3 in
Fe48Cr15Mo14Y2C15B6 metallic glass powder at different heating rates
n = a+ bp (V.13)
Different values of a, b, p and thus n reflect the various mechanisms of nucleation and growth
prevalent during the progress of the crystallization process which are summarized in Table
6 [3].
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Table 6: Values of nucleation and growth parameters as a reflection of crystallization mechanism in
Fe48Cr15Mo14Y2C15B6 metallic glass [3, 4, 5]
Parameter Value Interpretation
a
0 Zero nucleation rate
∈ (0 , 1) Decreasing nucleation rate
1 Constant nucleation rate
>1 Increasing nucleation rate
b
1 One dimensional growth
2 Two dimensional growth
3 Three dimensional growth
p
0.5 Diffusion controlled growth
1 Interface controlled growth
n
<1.5 Growth of pre-existing nuclei
1.5 Growth with zero nucleation rate
∈ (1.5 , 2.5) Growth with decreasing nucleation rate
2.5 Growth with constant nucleation rate
>2.5 Growth with increasing nucleation rate
3.6 Local Avrami exponent
The variation of the local Avrami exponent was estimated as a function of the crys-
tallized fraction following Eq. V.12 and the results are plotted in Fig. 44. It can be observed
that for Exo 1 (Fig. 44a), n rapidly increases to about 3.1 at the beginning of the trans-
formation at all heating rates. At 0.17 K s−1, n gradually reduces to attain values in the
range of 2.5 to 1.5 for 0.1 < α < 0.8 while for α > 0.8 it is lesser than 1.5. At all other
heating rates, 0.33, 0.50 and 0.67 K s−1, n attains values in the range of 2.5 to 1.5 for the
130
entire transformation. Spanning the entire transformation, an increase in heating rate be-
yond 0.17 K s−1 generally results in an increase in n. In contrast, for Exo 2 (Fig. 44b), n
is almost independent of the heating rate, increasing rapidly to about 1.8 at the beginning
of the transformation before reducing to values less than 1.5 for the entire transformation.
The trend is reversed in case of Exo 3 (Fig. 44c) where, spanning the entire transformation,
an increase in heating rate beyond 0.50 K s−1 results in a decrease in n. At heating rates
from 0.17 to 0.50 K s−1 n attains a value of about 1.8 at the beginning of the transformation
before gradually reducing below 1.5 from α = 0.1 onwards. An increase in the heating rate
to 0.67 K s−1 keeps the value of n below 1.5 for the entire transformation.
The process of crystallization in Fe-based amorphous alloys [171, 172] including the
one employed in this investigation [104] as well as that without Y-modification [6] has been
extensively reported to occur by diffusion controlled processes whereby p = 0.5 (Table 6).
Thus from the values of n observed in Fig. 44, it can be concluded that the Exo 1 transfor-
mation begins with diffusion controlled three-dimensional growth with increasing nucleation
rate. It proceeds with a decreasing nucleation rate before concluding with the growth of these
crystallites. Both of Exo 2 and Exo 3 begin with a growth of precipitates with decreasing
nucleation rate while most of the transformations occur with a growth of these crystallites
without further nucleation. The overall characteristic of decreasing nucleation rates through-
out the progress of all the transformations indicate that the crystallization process in this
amorphous alloy is mostly growth controlled. This is comprehensible as slow conventional
heating rates were employed in this investigation.
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Figure 44: Local Avrami exponent as a function of crystallized fraction of (a) Exo 1, (b) Exo 2 and (c)
Exo 3 in Fe48Cr15Mo14Y2C15B6 metallic glass powder at different heating rates
3.7 Dependence on analytical method
The local Avrami exponent may possibly be affected by the assumption of a Gaussian
shape for the exothermic peaks of crystallization. On the other hand, the Gao-Wang method,
[100], using only the peak values of onset crystallization temperature will not be strongly
dependent on this assumption while yielding an average value of the local Avrami exponent
for the entire transformation. The average Avrami exponent, navg can be estimated as:
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Table 7: Average Avrami exponent in Fe48Cr15Mo14Y2C15B6 metallic glass powder estimated by the Gao-
Wang method
c (K s−1) Exo 1 Exo 2 Exo 3
0.17 2.37 1.01 1.15
0.33 4.29 1.04 1.00
0.50 4.13 1.04 1.07









The estimated values of n are tabulated in Table 7.
The following observations are identical to the estimated values of both the local
Avrami exponent and the average Avrami exponent.
• Both n and navg for Exo 1 transformation increases with an increase in heating rate
• Both n and navg for Exo 2 transformation is almost independent of the heating rate
• Both n and navg for Exo 3 transformation decreases for an increase in heating rate
beyond 0.50 K s−1
It can be observed that overall, this single value presented in Table 7 belongs to the
estimated range of local Avrami exponent as presented in Fig. 44. Moreover, it is to be
noted that the conclusions on the mechanism of crystallization according to Table 6, derived
from the local Avrami exponent as well as the average Avrami exponent are identical.
Additionally, the value of To has been reported to be optimized to Tp/2 [101]. This
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affects the value of the local Avrami exponent, in particular, at low crystallized fractions.
In order to investigate this, the local Avrami exponent as a function of the transformed

















The values of n are estimated and the results are presented in Fig. 45. The observations
identical to the local Avrami exponent estimated both with To as the onset crystallization
temperature and as equal to Tp/2 are
• For Exo 1 n increases with increase in c
• For Exo 2 n is almost independent of c
• For Exo 3 n decreases for an increase in c beyond 0.50 K s−1
Close agreement between the values of n estimated by the two different approaches can
be observed, even at low transformed fractions. Only for Exo 1, at low transformed fractions,
the value of n is higher in the present method. In spite of this, the values, according to Table
6, yield identical conclusions on the mechanism of crystallization in the alloy. Therefore it
can be concluded that the inference on the mechanism of crystallization derived from the
values of local Avrami exponent estimated according to To equal to crystallization onset
temperature and Tp/2 are identical.
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Figure 45: Local Avrami exponent as a function of crystallized fraction of (a) Exo 1, (b) Exo 2 and (c) Exo
3 in Fe48Cr15Mo14Y2C15B6 metallic glass powder estimated with To optimized to Tp/2 following Blazquez
et. al
3.8 Effect of Y-modification
A comparison of the phase evolution and crystallization kinetics of the Y-modified
Fe48Cr15Mo14Y2C15B6 alloy, employed in the present investigation, with those of the unmod-
ified Fe50Cr15Mo14C15B6 one revealed the effect of addition of minor amount of yttrium. The
evolution of phases in this metallic glass as a result of isochronal annealing is exhibited by the
x-ray diffraction (XRD) spectra presented in Fig. 46. It can be observed that the increase
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Figure 46: X-ray diffraction spectra of Fe48Cr15Mo14Y2C15B6 metallic glass powder annealed up to 1200 K
at different heating rates
in heating rate does not affect the evolution of phases. Identical phases have been observed
during the isochronal annealing of Fe50Cr15Mo14C15B6 metallic glass where the sequence of
crystallization was reported to be Fe18Cr6Mo5 followed by (Fe,Cr)23(C,B)6, (Fe,Cr)7C3 and
finally Fe3Mo3C [6]. The exothermic transformations in the present investigation, namely
Exo 1, Exo 2, Exo 3 and Exo 4 can thus, by comparison, be designated as Fe18Cr6Mo5,
(Fe,Cr)23(C,B)6, (Fe,Cr)7C3 and Fe3Mo3C respectively. Additionally it can be concluded
that the Y-modification does not alter the nature of the resulting crystalline phases. A close
agreement was observed between the ratio of phases estimated from the DSC traces and
XRD spectra which indicates the reliability of the deconvolution performed (Fig. 40).
The onset crystallization temperature, To of the Fe50Cr15Mo14C15B6 metallic glass has
been reported to be 878 K whereas it was observed to be increased to 916 K for Fe48Cr15Mo14Y2C15B6
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Table 8: Comparison of crystallization kinetics of yttrium-modified (M) and unmodified (UM) Fe-based
metallic glasses after [6]
Phase Local Avrami exponent
UM M
Fe18Cr6Mo5 2.5 2.5 - 1.5
(Fe,Cr)23(C,B)6 2.5 <1.5
(Fe,Cr)7C3 6.3 <1.5
in the present investigation. Additionally, the local Avrami exponents of the crystalline
transformations of the Fe18Cr6Mo5, (Fe,Cr)23(C,B)6 and (Fe,Cr)7C3 phases were also altered
as presented in Table 8 [6].
While the local Avrami exponent for the unmodified alloy is 2.5 or higher, upon
modification it reduced to the range of 2.5-1.5 or even lesser. According to Table 6, it can
thus be concluded that in the unmodified alloy crystallization progresses with an increasing
nucleation rate while upon Y-modification growth occurs with a decreasing nucleation rate
or from nuclei that have already formed. This reduction in nucleation rate can be attributed
to the relative disparity between the sizes of the atoms. Yttrium has an atomic radius of
1.8 Å and is the largest among the atoms of all the constituent elements in the alloy [173].
The presence of this bulky atom results in an increase in the local density of the Y-modified
alloy due to formation of a larger number of short range ordered colonies. This leads to a
significant decrease in the diffusivity [174] of the atoms that manifests itself in a reduced
nucleation rate [175] and hence decreased n. The impediment to crystallization is also
supported by the complete absence of precipitation of the α-Fe phase during crystallization
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of both the alloys. Yttrium also possesses the highest affinity towards oxygen among all
the constituent elements of the alloy as exhibited by the largest enthalpy of formation of
its oxide [174]. Thus during rapid solidification of the liquid melt of the alloy, yttrium aids
in the elimination of oxygen impurity in the form of oxides. This, combined with the large
negative heat of mixing of yttrium with boron (−35 kJ mol−1) [176] possibly increases the
thermal stability of the alloy and increases To by almost 40 K.
4 Crystallization in spark plasma sintered Fe48Cr15Mo14Y2C15B6 metallic glass
powder
4.1 Structural analysis
The x-ray diffraction (XRD) spectrum of the iron based metallic glass spark plasma
sintered at 550 ◦C is presented in Fig. ??. It only exhibits a diffused peak, characteristic of
fully amorphous materials whereas sharp peaks, indicative of crystalline phases are absent.
Thus it can be concluded that upon spark plasma sintering (SPS) at a temperature of 550 ◦C,
the iron based metallic glass sample retained an amorphous structure. The differential
scanning calorimetric thermogram of this iron based metallic glass manifests a glass transition
temperature, Tg of about 575
◦C and a crystallization onset temperature, Tx of about 653
◦C
[177]. Thus it is comprehensible that the sample sintered at 550 ◦C, a temperature below
Tg, remains in the glassy state. The XRD spectra of the iron based metallic glass spark
plasma sintered at 550 ◦C and then annealed at 700 ◦C and 725 ◦C for 100 min each, are
also presented. In contrast to solely a broad peak, these spectra exhibit additional peaks,
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Figure 47: X-ray diffraction spectra of the iron based metallic glass spark plasma sintered at 550 ◦C and
then annealed at 700 ◦C and 725 ◦C for 100 min each. The sintered sample retained a fully amorphous
structure while the annealed ones developed ((Fe,Cr)23C6) crystals
superimposed on the amorphous background, characteristic to crystals evolved within the
iron based metallic glass matrix. The temperatures of annealing (700 ◦C and 725 ◦C) are
considerably higher than the Tx of this metallic glass which resulted in the evolution of
these crystals.
The peaks corresponding to the crystals, identified to be complex carbides of (Fe,Cr)23C6
[104, 178], are observed to exhibit significant broadening which are suggestive of their small
sizes. The size of crystals evolved from an amorphous matrix of iron based metallic glass







where D (Å) is the size of the crystals, λ (Å) is the wavelength of x-rays, β (rad) is the
integrated breadth of the Bragg peak and θB (
◦) is the Bragg angle. The estimated size of
crystals according to Eq. V.16 is about 9 nm for samples annealed at both 700 ◦C and 725 ◦C
for 100 min. This result is consistent with previous observations where the size of (Fe,Cr)23C6
crystals evolved during annealing at 700 ◦C for 180 min estimated by the Scherrer equation
was reported to be about 16 nm [178]. However, a number of limitations in employing the
Scherrer equation must be noted. In utilizing Eq. V.16, the shape factor, size factor, strain
factor and preferred orientation factor have not been accounted for. As a result, Eq. V.16
yields only an approximate estimate of the crystal dimensions as opposed to an accurate
size. Moreover, the evolution of crystals in a metallic glass due to annealing is a complex
phenomenon driven by nucleation and growth of a number of concentration gradients [104].
It is unlikely that such a phenomenon would result in a monodispersed size distribution
of crystals in the metallic glass matrix, as estimated from Eq. V.16. This distribution in
size of crystals was investigated further by microstructural characterization as detailed in
the following section. Fe3Mo3C has also been reported to have evolved during annealing of
this metallic glass at 700 ◦C and above [180]. However, presence of this phase could not be
detected from the XRD spectra in the present investigation.
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4.2 Microstructural characterization
The transmission electron microscope (TEM) dark field images of the SP sintered iron
based metallic glass samples annealed at 700 ◦C and 725 ◦C for 100 min are presented in Fig.
48(a) and (b) respectively. The regions of brighter contrast depict the crystals evolved due
to annealing from the metallic glass matrix depicted by the regions of darker contrast. The
crystals are observed to be distributed homogeneously throughout the metallic glass matrix.
Size of the individual crystals were measured from these dark field TEM images by ImageJ
with some representative measurements presented herewith. As discussed in the previous
section, in contrast to a monodispersed size distribution, the crystals exhibit a range of sizes
from about 5 nm to about 16 nm. However, the relative volume fractions of the individual
crystal sizes distributed throughout the entire samples cannot be obtained by this manual
measurement technique.
The corresponding selected area diffraction patterns (SADPs) of the annealed samples
are presented in Fig. 48(c) and (d). The diffuse rings observed in the patterns confirm that
a significant volume fraction of the amorphous metallic glass matrix is retained even after
annealing. The remaining volume fraction, evolved into crystals of (Fe,Cr)23C6 and Fe3Mo3C
resulting in the diffraction spots superimposed on the diffuse rings. A detailed quantitative
estimate of the size distribution of crystals and their relative volume fractions is obtained



















Figure 48: (a) and (b) Transmission electron microscope dark field images and (c) and (d) corresponding
selected area diffraction patterns of spark plasma sintered iron based metallic glass annealed at 700 ◦C and
725 ◦C for 100 min. Regions of brighter contrast in (a) and (b) represent crystals embedded within the















































Figure 49: Log-log plot of in-situ small angle neutron scattering intensity measured over a Q-range of 0.02
to 0.3 Å
−1
for the sintered sample continuously annealed from ambient up to different temperatures from
500 ◦C to 800 ◦C
4.3 Evolution of structure based on in-situ small angle neutron scattering
The structural evolution of the iron based metallic glass was quantitatively analyzed
by in-situ SANS during annealing. Fig. 49 presents the SANS intensity over a Q-range of 0.02
to 0.3 Å
−1
in a log-log plot for the sintered sample continuously annealed from ambient up to
different temperatures from 500 ◦C to 800 ◦C. The characteristics of scattering, corresponding
interpretation as representative of phenomena occurring over distinct length scales and their
evolution with increase in annealing temperature are discussed across three discrete Q-ranges
as follows.
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First, over the low Q-range below 0.02 Å
−1
, the presence of scattering indicates the
presence of structural inhomogeneities that are larger than those that can be effectively
resolved by the present experiments. The size of these inhomogeneities are larger than
30 nm and could possibly be Y and Mo-rich precipitate free zones (PFZs) embedded within
the metallic glass matrix [181]. These PFZs have been observed during annealing of as-cast
iron based metallic glass with diameter up to 200 nm [178]. They develop from the metallic
glass matrix and upon further enrichment by Y possess an increased glass forming ability
(GFA) [182]. Thus they retain their amorphous nature and are hence not detectable in
the XRD spectrum (Fig. 47). The PFZs have high thermal stability and thus continue
to contribute to the scattering intensity over this Q-range at higher temperatures up to
800 ◦C [178]. The neutron scattering length densities, ρ (m−2) of the PFZs and (Fe,Cr)23C6
and their corresponding contrasts, ∆ρ2 (m−4) with respect to the Fe48Cr15Mo14Y2C15B6
metallic glass matrix can be calculated based upon their reported composition [180]. The
composition of the PFZs at low temperatures is Fe41Cr16Mo29Y14 (at.%). They get enriched
in Y and Mo and depleted of Fe and Cr with increase in temperature and has a composition
of Fe35Cr11Mo37Y17 at 700
◦C. This fact is incorporated while calculating the scattering
contrasts, presented in Table 9. The composition of (Fe,Cr)23C6 remains fairly constant
with temperature. It can be seen that the scattering contrast of the Y and Mo-rich PFZs is
always higher than that of (Fe,Cr)23C6. This results in a higher measured intensity at the
Q-range characteristic of the PFZs (below 0.02 Å
−1
) than that at the Q-range characteristic
of the (Fe,Cr)23C6 carbides (from 0.02 to 0.2 Å
−1
). Moreover, the scattering contrast of the
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Table 9: Composition and neutron scattering length density, ρ of the iron based metallic glass matrix,
precipitate free zones and carbide and their corresponding neutron scattering contrasts with respect to the
metallic glass matrix





PFZs increases with temperature which is manifested in the increase in scattering intensity
with temperature over the Q-range below 0.02 Å
−1
.
Second, over the mid Q-range from 0.02 to 0.2 Å
−1
, scattering results from the evolu-
tion of (Fe,Cr)23C6 crystals withing the iron based metallic glass matrix during continuous
annealing. The size of the carbides is in the range of about 3 to 30 nm, in good agreement
with those reported earlier [178]. The formation of the PFZs results in the depletion of Y
content in the surrounding matrix that results in a reduction of the GFA. These regions
are thus enriched in Fe and Cr eventually evolving into crystalline carbides. Fig. 49 shows
that significant increase in scattering intensity does not occur until 675 ◦C which exhibits
the stability of this iron based metallic glass and its resistance to crystallization. Thereafter,
with further increase in temperature beyond 700 ◦C, profuse crystallization occurs resulting
in a monotonic increase in the scattering intensity in this Q-range.
Finally, over the high Q-range above 0.2 Å
−1
, background scattering occurred due to
the presence of roughness at the sample surface, the detector and other minute variations.
These contributions are unrelated to the evolution of crystals and are roughly independent
of Q [154]. This is further supported by the fact that the background scattering does not
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vary with increment in the temperature of annealing.
4.4 Crystal size distribution
The SANS intensity over the Q-range of 0.02 to 0.06 Å
−1
was utilized to analyze
the distribution of size and volume fraction of (Fe,Cr)23C6 crystals. The maximum entropy
model [183] in the size distribution tool available in IRENA software suite [90] was employed
for this purpose. It is assumed in this model that the scattering particles are approximately
equiaxed which is valid in the present case as can be observed from Fig. 48(a) and (b) where
the growth of crystals is reasonably isotropic and no particular growth direction appears to
be favored over another. Under this assumption the tool fits and thereby estimates the size
distribution of spheres, each with a uniform diameter. Fig. ?? presents a representative
maximum entropy model fit to the measured intensity for the sample annealed at 800 ◦C.
The measured intensity is higher than the fitted model at higher Q which suggests that
there exists additional scattering, possibly from Fe3Mo3C, however of extremely small mag-
nitude due to the much lower scattering contrast, 0.04× 10−28 m−4 as compared to that of
(Fe,Cr)23C6 (Table 9) with respect to the metallic glass. The size distribution analysis of
various carbides including (Fe,Cr)23C6 and Fe3Mo3C evolved in steels as a result of annealing
has been successfully performed and the results validated with microscopic characterization
techniques [184]. This indicates that the magnetic contribution from these carbides does
not affect the distribution of size and volume fraction estimated from fitting the SANS in-
tensity. Additionally, since the experiments were carried out in the absence of a magnetic



























Figure 50: Representative fit of the maximum entropy model to the measured small angle neutron scattering
intensity over a Q-range of 0.02 to 0.06 Å
−1
utilized to analyze the distribution of size and volume fraction
of (Fe,Cr)23C6 crystals. The fitted model agrees well with the measured data with the misfit at higher Q
originating from additional scattering from Fe3Mo3C
distribution [104].
This fitting routine is employed to the measured intensity for the samples isothermally
annealed at 700 ◦C and 725 ◦C for 100 min, presented in Fig. 51. The higher intensity
of scattering clearly confirms the higher volume fraction of crystals evolved at the higher
temperature of annealing. The resulting distribution of the volume of (Fe,Cr)23C6 crystals
of various sizes is presented in Fig. 52. It can be observed that the crystals evolved have sizes
ranging from 3 to 18 nm, in agreement with the sizes observed in the TEM dark field images
(Fig. 48(a) and (b)). This confirms the earlier argument that the magnetic contributions
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do not affect the estimated size distribution analysis. Among these sizes, the crystals with
size 9 nm is observed to be in highest abundance, again in accord with that estimated by
the Scherrer equation in section 4.1. With increase in duration of isothermal annealing,
the volume fraction of all crystal sizes increases. The total volume fraction of (Fe,Cr)23C6
crystals during isothermal annealing increased from 0.07 to 0.13 at 700 ◦C and from 0.10 to
0.22 at 725 ◦C. It can also be observed from Fig. 52 that the increase in volume fraction of
carbides evolved with time is rapid during the early stages of isothermal annealing and slows
down during the later stages. These crystals develop preferentially in the regions depleted
of Y and Mo and enriched in Fe and Cr and the rate of growth is rapid due to the large
driving force resulting from the reduction in free energy from amorphous to crystalline state.
With time, concentration gradients in regions neighboring these crystals grow and eventually
encounter with one another, a process termed ‘soft impingement’, and suppress the rate of
coarsening of the crystals [166].
4.5 Crystallization mechanism
In order to establish the mechanism of isothermal crystallization in the spark plasma
sintered iron based metallic glass, the results obtained from the in-situ small angle neutron
scattering analysis of the distribution of volume fraction of (Fe,Cr)23C6 crystals were modeled
by the Johnson-Mehl-Avrami equation, expressed as [169, 168]:




Figure 51: Log-log plot of in-situ small angle neutron scattering intensity measured over a Q-range of 0.02
to 0.3 Å
−1




Figure 52: Distribution of the volume fraction of (Fe,Cr)23C6 crystals of various sizes estimated by fitting
in-situ small angle neutron scattering intensity measured during isothermal annealing of the sintered sample
at (a) 700 ◦C and (b) 725 ◦C for 100 min. The crystals exhibit a range of sizes from 3 to 18 nm and the
highest abundance of those with size 9 nm
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Figure 53: Plots of ln[-ln(1-x)] versus lnt for the evolution of (Fe,Cr)23C6 crystals during isothermal
annealing of Fe48Cr15Mo14Y2C15B6 metallic glass. The estimated Avrami exponents, 0.25 ± 0.01 and 0.39
± 0.01 at 700 ◦C and 725 ◦C respectively, established that crystals evolved from pre-existing nuclei
where x is the total volume fraction of crystals, n is the Avrami exponent, t (min) is the
isothermal annealing time and k is the reaction rate constant. The plots of ln[-ln(1-x)] with
respect to lnt are presented in Fig. 53. The Avrami exponent n was estimated, by linear fit
to the plots, to be 0.25 ± 0.01 and 0.39 ± 0.01 at 700 ◦C and 725 ◦C respectively.
The Avrami exponent is representative of the nucleation behavior prevalent during
the progress of crystallization in metallic glass [3]. In particular, a value of n less than
1.5, as in the present case, shows that the evolution of (Fe,Cr)23C6 crystals within the iron
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based metallic glass during isothermal annealing both at 700 ◦C as well as 725 ◦C occurs
from pre-existing nuclei [4, 5]. It was observed from Fig. 49 that during annealing from
ambient up to 700 ◦C and 725 ◦C the nuclei developed in the metallic glass matrix resulted in
the increase in scattering intensity. Thus at the beginning of isothermal annealing at these
temperatures nuclei of (Fe,Cr)23C6 are pre-existent. With the progress of annealing time,
these pre-existing nuclei grow into well developed crystals, as manifested by the estimated




Analysis of the thermal responses of Fe48Cr15Mo14Y2C15B6 metallic glass powder has
resulted in the establishment of the densification behavior, oxidation kinetics and crystalliza-
tion kinetics in this thesis. The conclusions deduced from both are summarized as follows.
1 Densification behavior
Normal distribution in the size of particles led to efficient densification with the larger
particles forming a continuous network while the smaller particles saturated the intermediate
voids. Large densification occurred during spark plasma sintering in the supercooled liquid
region primarily due a decrease in the viscosity of the material. During isochronal sintering,
densification occurred in two stages. During Stage I the samples were fully amorphous up
to the temperature of peak densification rate while in Stage II it was partially crystalline.
The shrinkage of the powder compact analyzed in the temperature interval between onset
densification and peak densification rate exhibited an activation energy of 94.0± 0.2 kJ mol−1
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at a heating rate of 25 ◦C min−1 which is of the order of magnitude as that of the viscosity
measured by three point bending of the same material. The reduction in the value resulted
from a difference in the driving forces in the two measurement techniques. An increase
in the isochronal heating rate during spark plasma sintering resulted in a decrease in the
temperature of peak densification rate while the peak densification rate increased. This
was a result of the reduction in activation energy from 76.2 ± 0.4 through 64.0 ± 0.9 to
55.2 ± 1.0 kJ mol−1 due to an increase in isochronal heating rate from 50 through 100 to
150 ◦C min−1. This reduction occurred due a directional structural relaxation (DSR) in the
metallic glass. Under the aegis of the unified Arrhenius and DSR models, the functional
relationship between the activation energy and heating rate was established as Q = (-22.8
± 0.4)lnc + 73.7 kJ mol−1.
An increase in the uniaxial compressive pressure from 20 to 70 MPa resulted in
an increase in the final fractional density of the sintered compacts from 0.80 to 0.98. The
geometry of the powder particles evolved with sintering from spherical to polyhedral in shape.
The macroscopic applied pressure was increased by 3 orders of magnitude to microscopic
interparticle contact pressure of 10 GPa which resulted in micro-viscous flow deformation
of the particles. The total deformation of the particles was estimated to be up to 18 µm
under the framework of deformation of single particles between two flat plates. The total
deformation was utilized to theoretically calculate the fractional density which exhibited a
close agreement with the experimentally observed ones. The limitations of this model lie
in the underestimation of the densification of the compact due to consideration of only the
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viscous flow deformation. Overestimation of density also occurs on the assumption that
densification can proceed unimpeded in spite of a restriction from adjoining particles and
die walls.
2 Oxidation behavior
Oxidation of Fe48Cr15Mo14Y2C15B6 metallic glass powder at 580
◦C for 720 min and
650 ◦C for 300 min results primarily in the formation of polycrystalline Fe2O3. This oxide
grows over the entire surface of the powder particles as a uniform shell which further con-
stitutes of multiple grains. The ultra-small angle X-ray scattering intensity acquired in-situ
during isothermal oxidation and modelled based on this hierarchical structure of the oxide,
enumerated the increase in thickness of the oxide with time, rapid initially which gradu-
ally decreased. The relative gain in mass due to oxidation computed theoretically from this
model, relatively underestimates that measured in practice owing to the distribution in size
of the pristine particles. Overall, the results presented here establish the chemical identifi-
cation, structural analysis and quantitative computation of isothermal oxidation in metallic
glass powder. In the broad perspective, this manifests the potential to unfold new paradigms
of research on interfacial reactions in powder materials at elevated temperatures and develop




Thermal analysis of the Fe48Cr15Mo14Y2C15B6 metallic glass powder exhibited that
the isochronal crystallization in this material consisted of four exothermic transformations
occurring over a temperature interval from 900 to 1100 K. These transformations, Exo 1,
Exo 2, Exo 3 and Exo 4 were identified to be Fe18Cr6Mo5, (Fe, Cr)23(C, B)6, (Fe, Cr)7C3
and Fe3Mo3C, respectively. The transformations involve a strong kinetic effect as exhibited
by the progressive increase in the onset crystallization temperature, To and the enthalpy of
transformation with increase in heating rate from 10 to 40 K min−1. Kissinger analysis of the
activation energies of transformations from the deconvoluted Gaussian profiles showed that
the energy barrier for Exo 1 is the lowest while that of Exo 2 is highest. The crystallized
fraction of the transformations increased in a sigmoidal fashion indicating the mechanism
of nucleation and growth. It was established from the estimated local Avrami exponents of
the transformations that the nucleation occurred at a decreasing rate and growth of crystals
occurred from the pre-existing nuclei. The conclusions drawn from the estimation of local
Avrami exponents was found to be identical for the utilization of both the crystallization
onset temperature as well as half of the peak crystallization temperature.
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